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ABSTRACT

The increasing use of fibrous composite materials in the automotive and aerospace in-
dustries has led to increased demand for predictive analysis tools that require careful
measurement of the fibre and matrix constituent properties in order to accurately predict
the macroscopic deformation and failure response of the materials. Recent developments
in nanoindentation testing have enabled accurate property measurements to be carried out
at the scale required to probe the individual fibrous composite constituents in situ. How-
ever, quantitative characterisation of the matrix constituent has proven challenging due
to the inhomogeneity of the composite microstructure and the non-linear time-dependent
polymer matrix properties. Hence, a detailed experimental and numerical investigation
was carried out into the use of nanoindentation to determine the in situ properties of the
polymer matrix constituent in an aerospace grade carbon fibre reinforced epoxy composite
(Hexcel HTA/6376).

An experimental comparison of the bulk and in situ 6376 matrix properties was carried
out using a state-of-the-art Nanoindenter G200, supplied by Agilent. The bulk matrix and
composite material were co-cured to produce specimens ideal for matrix characterisation.
It is found that the unconstrained in situ indentation modulus increased with a decrease in
matrix pocket size, and was up to 19% greater than the bulk matrix modulus. However,
a clear discrepancy was noted between the bulk matrix elastic modulus values derived
from indentation testing and those determined using traditional macroscopic tensile tests,
with the indentation modulus being consistently larger by approximately 40%. Thus,
an investigation into the effects of pile-up, viscoelasticity and hydrostatic stress on the
polymer indentation modulus was carried out and experimental and analytical techniques
were developed to account for viscous and hydrostatic stress effects that systematically
reduced the calculated modulus to within 3% of the macroscopic value. The proposed
techniques move towards addressing the well-known disparity between nanoindentation
and macroscopic measured moduli.

Numerical studies using non-linear Finite Element Analysis were carried out to provide
insight into the experimental observations and to help decouple highly interdependent
variables, such as fibre constraint and residual stress effects on matrix properties. The
apparent indentation modulus was found to increase by up to 47% due to the added
constraint of the surrounding discrete fibre regions. A two-step modelling approach was
used to determine the effect of residual stress states in two regions of interest, namely, the
pocket and interfacial matrix regions following thermal cool-down of the composite from
cure temperature. It is found that the hardness property decreased for the majority of
the residual stress states, whereas the modulus property was found to be insensitive to
residual stress.
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1 Introduction

1.1 Background

The use of composite materials in structural applications has increased sig-
nificantly in recent decades due to the higher specific stiffness and strength of the
materials in comparison to metallic materials. Composite materials are commonly
used in the automotive, aerospace and marine industries, as well as in a number of
consumer products such as golf clubs and tennis rackets. Much of the recent devel-
opments in composite materials have been driven by the aerospace industry, where
composite materials initially were used in the design of military aircraft, as increased
performance and manoeuvrability could be achieved due to their lightweight nature.
In recent years, the increase in fuel prices and requirement to reduce CO2 emissions
from commercial aircraft has prompted the use of composite materials in primary
aircraft structures. Composite material use in commercial aircraft has increased
from 5-6% of the aircraft structure by weight in the early 1990s, to up to 50% in
today’s advanced aircraft programs such as the Boeing 787 and Airbus 350, with
further increase expected in the coming years (Mazumdar, 2015).

The increasing industrial demand for composite structures has been mirrored
by an increase in demand for predictive analysis tools, required to gain a greater
understanding into the behaviour of composite materials under various types of
loading. Fibre-reinforced plastics (FRP) are the most common type of composite
material used in industry. The fibre constituents are made from glass or carbon in
most cases, and exhibit very high strength and stiffness. The fibre diameters are
generally in the order of a few microns. This small fibre size is advantageous, as
smaller diameter fibres decrease the likelihood that failure-inducing flaws will exist in
the material, while also increasing the interfacial surface area with the surrounding
matrix material. The binding matrix material is generally more compliant, but also
more ductile than the fibres. The matrix material adheres the fibres together and
defines the shape of the composite part, while also serving to protect the structural
fibres from external damage and environmental attack.

Nanoindentation is a non-destructive testing technique that can be used to
determine the properties of materials at the micro and nano scales. During the test
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a small diamond tip of pyramidal geometry, such as the Berkovich tip shown in
Fig. 1.1a, is brought in contact with the sample surface and allowed to penetrate
into the surface to a preset maximum indenter load or displacement. The indenter
load and displacement response is continuously measured throughout the test (Fig.
1.1b) and can be used to infer the mechanical properties of the small localised
region of material, such as hardness and elastic modulus. The technique has been
successfully used to determine the properties of thin film materials applied to a
substrate, and has been recently used in an attempt to determine the properties of
fibrous composite materials since the indentations operate on a scale that allows the
individual composite constituents to be characterised. Fig. 1.2 shows an example
of a residual nanoindentation impression carried out in a region of matrix material
between the fibres in an aerospace carbon fibre/epoxy composite material.

P

h

dP

dh

(a) (b)

Figure 1.1: (a) Berkovich indenter geometry, (b) Typical load-displacement curve

1.2 Motivation

Much of the structural analysis of the composite parts used in primary air-
craft structures relies on design practices and strength predictions which are based
on ply-level analysis and macroscale testing. Macroscopic stress and strain criteria
are often used to predict the response of composite materials to various loading
scenarios, as opposed to criteria based on the actual physical mechanisms of fail-
ure. Local microscale failure events such as fibre breakage/kinking, matrix cracking,
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x: 54 µm
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m

Figure 1.2: Nanoindentation of carbon fibre/epoxy composite matrix constituent (a)
Micrograph and (b) Scanning Probe Microscopy (SPM) image of residual indentation

fibre-matrix debonding and inter-ply delamination initiate failure in composite ma-
terials. These intraply micromechanical events eventually lead to the macroscopic
failure of the material. Currently, there is a distinct lack of agreement between the
predictions made by numerous failure theories when compared to the experimental
response of different composite lay-ups and loading arrangements (Kaddour and
Hinton, 2013). This predictive uncertainty adversely affects the design of compos-
ite structures, with larger factors of safety employed than those used for traditional
metallic materials, whose failure mechanisms are better understood. This overdesign
of composite structures somewhat negates the weight-saving advantages of the ma-
terials. As a result, a significant amount of research has been carried out in order to
gain a greater understanding of the link between the damage at the composite mi-
croscale and that experienced by the larger composite structure. Micromechanical
finite element models of composite microstructures have successfully been used to
predict the macroscopic stress-strain behaviour of composite materials. These mod-
els analyse the response of composite to loading, based on the constituent material
properties in their bulk form, and the strength and toughness of the fibre-matrix
interface. Micromechanical modelling could potentially prove to be a useful tool in
future composite structure design projects by limiting the amount of costly coupon
and structural testing required in order to validate the strength of composite struc-
tural elements. However, in order to ensure the accurate simulation of microscale
deformation and damage, quantitatively accurate properties of the in situ constitu-
ents must be determined.

3
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The microscale properties of the matrix constituent influences the macroscale
properties of a composite structure when the material is loaded transversely to the
fibre direction in tension or compression, while also influencing the in-plane shear
response and fibre-direction compressive strength (Llorca et al., 2011). The proper-
ties of the matrix constituent can be approximated using conventional mechanical
testing of coupon specimens fabricated from the material in its bulk form. However,
the degree to which the cross-linking process and properties of the in situ polymer
matrix are affected by the intensive thermal, mechanical and chemical processes tak-
ing place during the consolidation of the constituent phases is not well understood.
The nanoindentation technique presents the most viable approach to experiment-
ally determine the properties of the in situ matrix constituent, and gain a greater
insight into the effect of the composite manufacturing process on the microscale
behaviour of the materials. However, there is a distinct lack of quantitative experi-
mental comparisons between the bulk and in situ composite matrix properties in the
current literature. Such comparisons provide critical input data to micromechanical
simulations of composite materials.

1.3 Problem description and objectives

This thesis outlines a combined experimental and numerical investigation into
the application of the nanoindentation technique to characterise the matrix material
of a carbon fibre/epoxy composite material. The theory used by the nanoindenta-
tion technique in order to calculate the material properties of the substrate assumes
that the substrate is a single phase, homogeneous medium. Therefore, the applic-
ation of this theory to inhomogeneous composite materials which are composed of
discrete regions of different material properties can be problematic. The sub-surface
deformation field produced by the indentation loading could potentially overlap into
the neighbouring material phases, leading to erroneous characterisation of the target
material. During the indentation of thin films, it is common practice to restrict the
maximum indentation depth to no more than 10% of the film thickness in order to
minimize the influence of the substrate on the film indentation properties. However,
no such generalised rule exists for indentations carried out on the constituents of
fibrous composite materials.
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Furthermore, carbon fibre/epoxy composite materials undergo a high tem-
perature curing process in order to consolidate the final part geometry and cure the
polymer matrix material. It has been previously shown that this process leads to
the development of significant residual stress in microstructure of the final part post-
cure, especially for materials with a large thermal gradient following cure and high
volume fraction of fibre reinforcement. The nature and magnitude of the residual
stress state varies throughout the composite microstructure and could potentially
skew or add bias to the indentation properties of the in situ constituents. While the
effects of equibiaxial residual stress states on the nanoindentation load-displacement
data and properties has been previously investigated, no study exists which examines
the effect of the complex residual stress states which exist in the fibrous composite
microstructure post-cure.

In the majority of micromechanical simulations of composite failure, the dis-
crete constituent regions are modelled using the properties of each material in their
bulk form. This may not be the case after the composite manufacturing and high
temperature curing process. Thus, an important comparison can be made between
the indentation properties of the bulk and in situ matrix material. Property changes
are more likely to occur in the matrix constituent as the material is in a molten
state during the curing process. This could potentially lead to chemical interactions
between the molten matrix material and fibre treatments, while the surrounding
fibres could also affect the cross-linking of the matrix material during the curing
process. While low-depth indentations are required in order to characterise the
small pockets of matrix material within the high fibre volume fraction composite
microstructure, low-depth indentations can also be influenced by bias or scatter due
to tip blunting, surface roughness and size-scale effects. Therefore, a careful exper-
imental study is required to find the correct balance between the various sources of
error associated with indentation studies on inhomogeneous materials, in order to
calculate the in situ properties of the matrix material.

In micromechanical simulations of the composite failure process, the elastic
behaviour of the composite matrix constituent is defined using the Young’s modulus
of the material. While this property is readily determined using the nanoindentation
technique, the ability of the technique to correctly quantify the true elastic modulus
of polymeric materials has been called into question by a number of authors, with
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the modulus being overestimated in the vast majority of cases (Kranenburg et al.,
2009; Tranchida et al., 2007). The failure of the nanoindentation theory to correctly
quantify the elastic modulus of polymeric materials has often been attributed to
material pile-up, viscoelastic deformation and the effect of the hydrostatic stress.

The above open questions have led to the formation of the following objectives for
this thesis:

1. To develop a finite element model of the indentation process applied to the
matrix constituent of a fibrous composite microstructure. This will allow the
constraining effect of the surrounding fibres to be characterised, and the po-
tential error due to the constraint to be quantified and compared with exper-
imental variations reported in literature.

2. To carry out a numerical study to determine the nature and magnitude of the
various residual stress states which exist in the microstructure of a carbon-
fibre epoxy composite post-cure and to analyse the effect of the residual stress
states on the nanoindentation test.

3. To carry out a robust experimental comparison between bulk and in situ poly-
mer matrix material, ensuring that the results are free from the influence of
the surrounding fibre constraint and statistically significant relative to the
scatter associated with low-depth indentations. Also, to determine any trend
between the in situ matrix properties and the vicinity of the surrounding fibre
reinforcement.

4. To investigate the residual impressions of bulk polymer matrix indentations for
evidence of pile-up. Also, to alter experimental indentation settings and the-
oretical treatment of the load-displacement data to nullify any time-dependent
effects on the calculation of the material’s elastic modulus. Finally, to theor-
etically measure the magnitude of the sub-surface hydrostatic stress and char-
acterise the effect of this stress state on the calculated value of the polymer
indentation modulus.
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1.4 Thesis outline

Following this introduction, Chapter 2 presents a review of the literature rel-
evant to the nanoindentation of fibrous composite microstructures. The importance
of the experimental technique to micromechanical simulations of composite failure
is highlighted. The review summarises the experimental and numerical work previ-
ously carried out on composite nanoindentation, as well as highlighting the potential
issues related to applying the technique to inhomogeneous composite and polymeric
materials.

In Chapter 3, a finite element approach is presented which models the nanoin-
dentation process applied to an in situ matrix pocket. The effect the surrounding
fibre constraint on the calculated indentation modulus is determined and comparis-
ons are made between 2D and 3D modelling approaches.

In Chapter 4, a two-step finite element framework is presented that examines
the effect of thermal residual stress on the nanoindentation of in situ matrix material.
A micromechanical modelling approach is used to determine the state of residual
stress at the composite microscale, while a three-dimensional nanoindentation model
is used to characterise the effect of the residual stress on the properties determined
using nanoindentation.

In Chapter 5, the variation of the in situ matrix properties has been invest-
igated using nanoindentation experiments. A method of specimen manufacture is
presented which involves co-curing of the composite material and bulk matrix to
produce specimens ideal for microscale characterisation. The fibre constraint effect
is characterised experimentally, which allows valid comparisons to be made between
the bulk and in situ properties of the matrix material, independently of the con-
straint.

In Chapter 6, the effects of pile-up, viscoelasticity and hydrostatic stress on
the indentation modulus of the carbon-fibre composite epoxy matrix are investig-
ated experimentally. Scanning Probe Microscopy (SPM) is used to investigate the
residual impressions for evidence of pile-up. Also, alterations are made to the ex-
perimental setup and theoretical treatment of the resulting data in order to negate
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viscous and hydrostatic stress effects on the calculation of the specimen indentation
modulus.

Finally, Chapter 7 summarises the main conclusions from the work described
in the thesis. This chapter also includes some further discussion of the main results,
and recommendations are outlined for future work.
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2.1 Introduction

In this chapter, a review of the literature relevant to the characterisation of
polymer matrix composites using the nanoindentation technique is presented. The
effect of the in situ properties and thermal residual stress on the micromechanical
behaviour of fibrous composite materials is outlined. A description of the nanoin-
dentation method and theory is included, and previous work on the application of
the method to composite materials is highlighted. The review addresses the numer-
ous issues associated with the application of the technique to the inhomogeneous
fibrous composite microstructure. The effects of neighbouring constituents, pile-up,
residual stress and time-dependent deformation on the important nanoindentation
parameters and properties are highlighted. The review also details the use of numer-
ical finite element modelling to gain a greater insight into the stress and deformation
fields produced during a nanoindentation experiment.

2.2 Fibrous composite micromechanisms

While the failure behaviour of most structural materials is largely controlled
by a single failure mechanism, the macroscopic deformation and failure behaviour of
fibre-reinforced composite materials is controlled by a number of local mechanisms
which occur at the microscale. The initiation and propagation of these micromech-
anisms are dependent on the constituent materials properties, the local distribution
of the reinforcing fibres, and the direction of the applied load relative to the direc-
tion of the unidirectional reinforcing fibres, as highlighted in Figure 2.1. When the
material is loaded longitudinally parallel to the fibres, the failure is dominated by
the strength of the fibre material. When the fibres begin to fail, the load is quickly
transferred to the other surrounding fibres. This leads to rapid damage propagation
after initial failure until the matrix is unable to support the stress redistributed by
the failed fibres, and final failure occurs. The failure process under longitudinal
compressive loading generally occurs by fibre-kinking due to slight off-axis orient-
ations of the unidirectional reinforcement. This failure process is also affected by
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the elastic properties of the matrix constituent, as the buckling deformation will be
restricted by the surrounding matrix material (Herakovich, 2012).

1 (Fibre Direction)

2

3

Figure 2.1: Fibrous composite failure mechanisms under various loading conditions
(Llorca et al., 2011)

In general, composite structures are designed in order to have the orientation
of the fibres parallel to the direction of the externally applied mechanical loads.
However, it is almost impossible to avoid situations where the structure is loaded
transversely to the fibres. Often, the first local failures in composite structures are
observed in transverse plies, and can potentially lead to premature failure of the
composite structure. Tensile failure of transverse plies is brittle and highly depend-
ent on the properties of the matrix constituent, where failure is attributed to matrix
cracking and fibre-matrix debonding. In contrast, under transverse compression or
shear loading, large deformation occurs prior to failure due to the non-linear be-
haviour of the matrix constituent under these loadings. It is clear that the large
number of failure micromechanisms which can occur at the composite microscale
complicates failure predictions for composite structures. As more accurate strength
predictions are required, the field of micromechanics has grown in order to gain a
greater insight into the microscale damage process, and relate the observed processes
to the macroscopic stress-strain response.

2.3 Micromechanics

Recent advancements in experimental and numerical analysis techniques have
allowed for more extensive research to be carried out at the composite microscale.
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Modern experimental equipment such as microtest machines allow tensile, compres-
sion and bending tests to be carried out in the chamber of an SEM, allowing for un-
paralleled observation of composite micromechanical deformation and damage. An
SEM micrograph showing a composite microstructure subjected to transverse com-
pression loading is shown in Fig. 2.2a (Llorca et al., 2011). The large strain response
of the composite under this type of loading was apparent, where strain localisation
in the matrix constituent is observed, as well as the onset of fibre-matrix interface
damage. Fig. 2.2b shows the in situ observation a composite microstructure under
transverse tension loading (Zhang et al., 2010). The failure sequence is much more
brittle, with matrix and interface cracking clearly shown. Experimental micromech-
anical analysis provides a qualitative understanding of the microscale composite
failure process. However, quantitative insight into the effects of local fibre distri-
bution, constituent properties and interface strength through experimentation has
proven difficult.

(a) (b)

Figure 2.2: In situ SEM observation of (a) shear bands in the matrix constituent
under transverse compression loading (Llorca et al., 2011) and (b) interface damage
and matrix cracking under transverse tension loading (Zhang et al., 2010)

In recent decades, computers have become much more efficient at carrying out
numerical finite element calculations, allowing for more complex multiscale problems
to be analysed. Micromechanical finite element modelling has become a popular
method of linking the various composite failure processes between the micro and
macro scales. These models provide an insight into the material’s micromechanical
behaviour based on applied macroscopic stress states and the properties of the indi-
vidual composite constituents. Periodic unit cells or representative volume elements
(RVEs) are generally used to represent the whole microstructure of the composite
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with a repeating array of fibres in a polymer matrix. Another less common approach
is embedded cell modelling where only a small microstructural section of interest is
represented by the composite microstructure, while the rest of the model is repres-
ented by the macroscopic properties of the composite (González and Llorca, 2006).
Vaughan and McCarthy (2011a; 2011b) carried out two separate micromechanical
studies of the HTA/6376 carbon-fibre epoxy composite utilising the periodic unit
cell approach. The first investigated the response of the microstructure to transverse
loadings using a finite element micromechanics damage model and the second, using
a similar model, investigated the effect of shear loadings on the composite micro-
structure. The models assume the properties of each constituent remain the same as
the properties of the material in its bulk form. The microstructural array of fibres
within the matrix was created using an algorithm which generates statistically equi-
valent fibre distributions of actual experimental fibrous composite microstructures
(Vaughan and McCarthy, 2010). These models provide a quantitative insight into
the failure process of the composite at the microscale, and can be used to relate the
damage behaviour observed in the model to the macroscopic experimental stress-
strain behaviour of the composite. The response of the micromechanical models to
transverse and shear loadings are shown in Figures 2.3a and 2.3b respectively.

2.3.1 Thermal residual stress

In order to consolidate a final composite part and cure the epoxy matrix
material, composite parts are cured in a vacuum assisted, high temperature and
pressure autoclave process. Once the part is fully cured at this high temperature,
it is subsequently cooled down to room temperature. At the macroscale, thermal
contraction can cause the shape and dimension of a composite panel to be different
than those of the uncured panel and tool, leading to significant warpage in curved
parts (Tseng and Osswald, 1994). At the microscale, it has been shown that sig-
nificant residual stress develops as a result of the mismatch in thermal expansion
coefficients between the fibre and matrix phases. The nature and magnitude of
this stress varies spatially throughout the microstructure and is dependent on the
fibre volume fraction and inter-fibre spacings (Hojo et al., 2009). A post-cure stress
distribution from a finite element study carried out by Yang et al. (2013) is shown
in Fig. 2.4, where the post-cure stress states for two different microstructures are
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(a) (b)
Figure 2.3: Micromechanical models of HTA/6376 composite (a) RVE subjected to
transverse tension loading (Vaughan and McCarthy, 2011a), (b) RVE subjected to
shear loading (Vaughan and McCarthy, 2011b)

shown. Fig. 2.4a shows a microstructure with a fibre volume fraction of 50% and
an inter-fibre spacing of 0.8 µm, while Fig. 2.4b shows microstructure with a fibre
volume fraction of 60% and an inter-fibre spacing of 0.1 µm. It is clear from the
resulting stress contours that the constituent and interface stress states are highly
dependent on the fibre distribution. The magnitude of the residual stress is often
large enough to play a role in the micromechanical failure process under transverse
loadings. Vaughan and McCarthy (2011a) showed that the transverse strength of the
HTA/6376 composite was increased by the existence of large compressive residual
stress at the fibre-matrix interface, which served to offset the interfacial debonding
induced by the tensile loading. However, other studies have shown that interfacial
and matrix material damage can be produced due to the cooldown stresses, prior
to the application of any external load. This residual damage has been observed
in numerical simulations (Maligno et al., 2009; Yang et al., 2013) as well as exper-
imentally (Gentz et al., 2004). In these cases, the existence of residual stress has a
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detrimental effect on the transverse strength of the ply, depending on the constituent
properties and the strength of the fibre matrix interface.

(a) 50% - 0.8 (a) 60% - 0.1

Figure 2.4: Contour plot of the maximum principal residual stress (kPa) for (a)
microstructure with 60% fibre volume fraction (b) microstructure with 50% fibre
volume fraction (Yang et al., 2013)

2.3.2 Constituent material behaviour

In order to ensure realistic micromechanical modelling of the composite de-
formation and failure processes, accurate definition of the constituent material be-
haviour is required. The reinforcing fibre materials generally exhibit a brittle failure
response, and can simply be modelled as an elastic material in the absence of fibre
damage. Glass fibres generally exhibit isotopic elastic behaviour, whereas carbon
fibres are transversely isotropic, and are an order of magnitude stiffer in their longit-
udinal direction than the transverse direction. The behaviour of the binding matrix
material is dependent on the applied stress state. Epoxy is often used as the matrix
phase in aerospace composites due to its good adhesion properties and resistance to
moisture absorption. The elastic behaviour of polymers can vary slightly depending
on whether they are loaded in tension or compression (Tranchida et al., 2007), while
the yielding behaviour varies more significantly due to the influence of the hydro-
static component of stress (Fiedler et al., 2001). Two commonly used classical yield
criteria for isotropic ductile materials are the Tresca and von Mises yield criteria,
which are described in Equations 2.1 and 2.2, respectively:

σ1 − σ3 = σY (2.1)
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2.3 Micromechanics

(σ1 − σ2)2 + (σ2 − σ3)2 + (σ3 − σ1)2 = 2σ2
Y (2.2)

where σ1, σ2 and σ3 are the three principal stresses and σY is the uniaxial yield stress
of the material. It is clear from the above formulae that a hydrostatic increase in the
stress state (σ1 = σ2 = σ3) has no effect on the yielding behaviour of the material.
This is apparent in the 3D yield surface plot for the von Mises criterion shown in
Fig. 2.5a. These criteria are only dependent on the deviatoric component of stress,
and thus, cannot be used to accurately predict yielding the polymers. The plasticity
theories for geological materials such as soil and concrete include consideration of
the hydrostatic stress component and, thus, can be conveniently applied to epoxy
materials. The Mohr-Coulomb criterion induces yield in the material when the com-
bined normal (σn) and shear (τ) stress on a plane reaches a critical level according
Equation 2.3:

τc = τ + σn tanφ (2.3)
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Figure 2.5: Yield surfaces (a) von Mises, (b) Mohr-Coulomb

where τc is the cohesion stress (yield stress in pure shear) and φ is the angle of
internal friction. The yield criterion can be expressed in terms of the maximum and
minimum principal stresses, as shown in Equation 2.4:
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f(σ1, σ3) = (σ1 − σ3) + (σ1 + σ3) sinφ− 2τc cosφ = 0 (2.4)

The yield surface for the Mohr-Coulomb criterion is shown in Fig. 2.5b, where
it is clear than an increase in stress along the hydrostatic axis will affect the yielding
behaviour of the material. Yielding also occurs in tension at a lower stress than in
compression. Experimental studies have shown that the linear dependence of the
yield stress on the hydrostatic pressure, assumed by the Mohr-Coulomb criterion,
provides a good prediction for polymer behaviour (Altenbach and Tushtev, 2001).
The criterion has been successfully applied to micromechanical simulations of FRP
materials subjected to tensile, compressive and combined loading regimes (Vaughan
and McCarthy, 2011a; González and Llorca, 2007; Totry et al., 2008).

One major limitation of the current micromechanical analysis techniques is
the assumption that the properties of each constituent remain the same as the
properties of the material in its bulk form, which may not be the representative of the
material behaviour after the complex composite manufacturing and curing processes.
Thus, the nanoindentation technique has recently been employed by a number of
authors in an effort to experimentally characterise of the in situ constituent materials
at the microscale.

2.4 Nanoindentation

Nanoindentation is a non-destructive testing technique which can be used to
determine the mechanical properties of materials at small scales. A sharp indenter
tip, usually made from diamond, is driven into the surface of the material under
either load or displacement control, allowing material properties of the substrate
material, such as elastic modulus and hardness, to be determined. The technique
developed as an evolution from traditional Vickers hardness testing. Both methods
are based around the concept of loading a pyramidal indenter into a material in an
attempt to determine properties of that material. In a Vickers hardness test, the
hardness is calculated by dividing the maximum load reached during the indentation
by the projected area of the residual impression, which is directly measured post-
hoc using an optical microscope. Technological improvements to the transducer
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sensitivity of indentation devices allowed for the continuous monitoring of the load
and displacement throughout the indentation cycle. The technique was first used at
the micron scale by Fröhlich et al. (1977) and shortly thereafter became commonly
used as a technique for determining the surface properties of materials. Further
development of the technique eventually allowed the tests to be carried out on the
nanometre scale, hence forming a new field of study known as nanoindentation.
This allowed the load and displacement to be measured within the millinewton and
nanometre ranges, respectively. The theoretical treatment of the load-displacement
data has been the topic of extensive research, with the most commonly used method
being that developed by Oliver and Pharr in (1992).

The four-sided pyramidal Vickers tip, shown in Fig. 2.6a, is the most com-
monly used indenter geometry for traditional hardness testing at the macro and
micro-scales. However, for nanoscale measurements, the three-sided pyramid shape
of the Berkovich indenter (Fig. 2.6b) is preferred for property measurement. This
tip shape was invented by Russian scientist E.S. Berkovich in the USSR (Berkovich,
1950), and has the same area to depth ratio as the Vickers tip. The three-sided
pyramidal shape of the tip means that it is more easily manufactured at small scales
due to lack of a ‘chisel’ edge defect at the indenter tip, which can occur when man-
ufacturing a Vickers shaped tip at small scales. An SEM image of a Berkovich tip is
shown in Figure 2.7a and the residual plastic impression from a Berkovich indenta-
tion into a fused silica substrate material is shown in Figure 2.7b (Fischer-Cripps,
2009).

(a) (c) (d) (e) (f )

Vickers Cube Corner ConicalSpherical Flat Punch

(b)

Berkovich

Figure 2.6: Commonly used indenter tip shapes

A selection of the other commonly used indenter geometries are shown in
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(b)(a)

300 µm 5 µm 

Diamond Apex 

Figure 2.7: (a) SEM image of a Berkovich indenter tip (b) Residual impression left
by a Berkovich tip on a fused silica substrate (Fischer-Cripps, 2009)

Figure 2.6. Spherical indenters can be used to gain information about the elastic-
plastic transition of a substrate, which can theoretically be used to examine yielding
and work hardening, and to recreate the entire uniaxial stress-strain curve from
data obtained in a single test. This is not possible with a sharp indenter tip as
plasticity occurs almost instantaneously after the initiation of contact. Conical
indenters have the advantage of an axisymmetric geometry facilitating the use of
analytical models in the analysis of their nanoindentation response. Indentations
carried out by pyramidal indenter tips are conveniently analysed using the theory
for an equivalent conical geometry, but are much easier to manufacture, and less
prone to wear than conical tips. Flat punch indenters offer a useful alternative to
pyramidal indenters as the determination of the contact area is less ambiguous and
constant with indentation depth.

2.4.1 Theory

The nanoindentation technique uses elastic contact theory in order to derive
the mechanical properties of the sample using continuous measurements of force and
displacement. The first relationship between force, displacement and elastic proper-
ties was developed by Hertz (1881), who analysed the case of elastic contact between
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two curved surfaces. The determination of stress and deformation fields in a flat sub-
strate loaded by an axisymmetric indenter was first analysed by Boussinesq (1885).
However, this work did not include a closed-form solution. A solution for contact
between a cone and a flat surface was derived by Love (1939), while later, Sneddon
(1965) published a general solution governing contact between any axisymmetric
body and a flat surface. It was shown that the solutions derived using Sneddon’s
general expressions were in agreement with the solutions derived by Hertz and Love
specifically for paraboloid and conical indenter geometries, respectively. The derived
relationship between the indenter load and displacement for a paraboloid is given in
Equation 2.5:

P = 4
3ErR

1
2
c h

3
2 (2.5)

where P is the indenter load, h is the indenter displacement, Rc is the radius of
the paraboloid, and Er is the effective modulus of the contact, which accounts for
deformation in both the indenter and the substrate. The relationship between the
indenter load and displacement for a conical indentation is given in Equation 2.6:

P = 2
π
Er tanαh2 (2.6)

where α is the half-angle of the cone, as illustrated in Fig. 2.8a. The force-
displacement relations given in Equations 2.5 and 2.6 can be generalised for any
axisymmetric geometry, as shown in Equation 2.7:

P = Bhm (2.7)

where B is a constant which depends on the indenter geometry and substrate prop-
erties, while the exponent m is equal to 1 for elastic indentations with a flat punch
indenter, equal to 1.5 for elastic indentations by a paraboloid, and equal to 2 for
elastic indentations with a conical indenter. In order to apply this elastic theory
developed by Sneddon to indentations where both elastic and plastic deformation
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Figure 2.8: (a) Schematic of indenter and specimen surface at full load for a conical
indenter (b) Schematic of indenter and specimen surface at full unload for a conical
indenter, (c) Typical load-displacement curve highlighting the parameters used in
the nanoindentation analysis

occurs during loading, the theory is applied to the recoverable unloading portion of
the data. According to ISO 14577, at least 50% of the unloading data should be
fitted. Therefore, Equation 2.7 can be re-written as:

P (h) = B (h− hp)m (2.8)

where hp is the residual depth of the indentation following complete unloading, as
illustrated in Fig. 2.8b. The stiffness of the contact (S) can be determined by
differentiating these force-displacement relations with respect to displacement (dP

dh
),

as shown in Fig. 2.8c. It was shown by Pharr et al. (1992) that the relationship
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between the stiffness (S), reduced modulus (Er) and the contact area (A) is not
dependent on the geometry of the indenter. This relation is given in Equation 2.9.

S = dP

dh
= 2γEr

√
A√

π
(2.9)

where γ is a correction factor proposed by Hay et al. (1999), who discovered that the
application of Sneddon’s elastic solution to conical indentations lead to a slight error,
as it improperly accounted for radial material displacement into the contact region
for conical indentations. For a conical indenter it was shown that γ is dependent
on the sample Poisson’s ratio (υs) and the half-angle of the conical indenter (α)
according to Equation 2.10:

γ = 1 + π(1− 2υs)
4(1− υs)

cotα (2.10)

Equation 2.9 can be used to determine the reduced modulus of the indent-
ation. The elastic modulus of the substrate can then be calculated by accounting
for the effect of the non-rigid indenter on the measured load-displacement, using
Equation 2.11:

1
Er

= 1− νs2

Es
+ 1− νi2

Ei
(2.11)

where Es and υs are the elastic modulus and Poisson’s ratio of the specimen, while
Ei and υi are the values corresponding to the indenter material. For cases where
the indenter is assumed to be rigid, Equation 2.11 can be reduced down to Equation
2.12 by assuming Ei is infinite:

1
Er

= 1− υs2

Es
(2.12)

It should be noted that in order to determine the modulus of the specimen
using Equations 2.11 or 2.12, a decent estimate of the sample’s Poisson’s ratio (υs)
is required. However, the dependence of the calculated specimen modulus value on
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the chosen value of specimen Poisson’s ratio is weak. Uncertainty analysis shows
that an uncertainty of 40% in the Poisson’s ratio leads to only 5% uncertainty in
the calculated Young’s modulus (Philip, 2009).

The calculation of the hardness property of the specimen is much more
straightforward, simply defined as the load on the indenter tip (P ) divided by the
projected contact area (A):

H = P

A
(2.13)

The hardness property is useful as experiments show that the measured hardness
value is proportional to the specimen material’s yield stress in compression according
to Equation 2.14:

H ≈ CσY C (2.14)

where σY C is the material’s yields stress in compression and C is a constant called
the ‘constraint factor’. The contact pressure in an indentation test required to
induce flow in the material is higher than that of a uniaxial compression test due
to the confined nature of the indentation stress field. During an indentation test,
the stressed material is confined by the surrounding non-stressed material, leading
to a significant build-up of sub-surface hydrostatic stress, which contributes to the
overall measured contact pressure or hardness. The value of C is dependent on the
specimen material and type of indenter used.

It is clear from Equations 2.9 and 2.13 that in order to calculate the elastic
modulus and hardness of the specimen, an accurate determination of the contact
area is required. Traditionally, the contact area was determined by examining the
impression of the residual indentations after the experiment using optical or electron
microscopy. However, these methods of area determination are time-consuming,
cumbersome and prone to human error. The methods developed by Oliver and
Pharr in 1992 provide an expression which allows the contact area to be inferred
using only the measured load-displacement data. This method assumes that the
surface in the region of contact deforms elastically and uses elastic contact mechanics
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to determine the contact depth (hc) in terms of the maximum indentation depth
(hmax), the maximum contact load (Pmax) and the contact stiffness (S), according
to Equation 2.15:

hc = hmax − ε
Pmax
S

(2.15)

where ε is referred to as the ‘intercept correction’, which for a conical indenter is
equal to 0.72, for a paraboloid indenter is equal to 0.75, and for a flat punch is
equal to 1. Oliver and Pharr found that a value of 0.75 best accounts for material
behaviour during experiments, and thus, is the most widely accepted value. Once
the contact depth has been calculated, the contact area can easily be determined
since the geometry of the indenter tip is known. For a Berkovich indenter the
relationship between the projected contact area and contact depth (hc) is given by
Equation 2.16:

A(hc) = 24.56hc2 + C1hc
1 + C2hc

1/2 + C3hc
1/4 + C4hc

1/8...+ C8hc
1/128 (2.16)

where the constants Cn are used to account for any experimental deviation of the
tip geometry from that of the perfect Berkovich geometry. The development of
a technique to infer the contact area from the measured load-displacement data
was highly valuable as it allowed for high throughput experimentation (HTE) using
indentation experiments by removing the time-consuming area determination step.
The method also allows material properties from indentations carried out at the
nanoscale to be determined, where accurate area determination by direct means is
difficult.

2.4.2 Continuous stiffness measurement (CSM)

As an alternative to analysing the unloading curve, the contact stiffness can
be determined using the Continuous Stiffness Measurement (CSM) technique (Asif
et al., 1999). A load is applied to the indenter tip as normal, in order to carry out
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the indentation. However, an oscillating force with a force amplitude several orders
of magnitude smaller than the indentation load is superimposed on to the primary
load, as illustrated in Fig. 2.9a. This method provides an accurate determination of
the point of initial contact, while also allowing for continuous measurement of the
contact stiffness (S) as a function of indentation depth. This makes the technique
a powerful tool when analysing the in situ properties of composite materials, where
depth dependent effects can add erroneous bias or scatter to the unloading contact
stiffness.
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Figure 2.9: (a) Small oscillating load applied to primary indentation force, (b) A
schematic of dynamic system during sample testing

The oscillating sinusoidal force signal is applied to the loading with an angular
frequency ω and an amplitude of F0 according to Equation 2.17:

F (t) = F0e
iωt (2.17)

The corresponding displacement oscillation is then monitored using a lock-in amp-
lifier, and lags behind the force signal by a phase angle δ according to Equation
2.18:
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z(t) = z0e
iωt+δ (2.18)

An analysis of the dynamic system (shown in Fig. 2.9b) allows the contact stiffness
to be calculated using Equation 2.19:

S =
 1
F0
z0

cos δ − (Ks −Mω2)
− 1
Kf

−1

(2.19)

where Ks is the support spring stiffness and Kf is the load frame stiffness of the
instrument. This continuously measured stiffness can then be used to calculate
the material properties using the relations in Section 2.4.1, as a function of the
indentation depth.

2.4.3 Pile-up and residual stress effects

According to Sneddon’s elastic contact theory, the surface of the specimen
is drawn downward into the sample during elastic indentations. This is known as
‘sink-in’ behaviour and this assumption is used to infer the projected contact area
from the load-displacement data and, subsequently, calculate hardness and modulus
of the substrate material. In the vast majority of sharp indentations, plasticity will
occur in the substrate. When plastic deformation occurs, the material may sink-in
or pile-up around the indenter, as illustrated in Fig. 2.10a. If the material piles up,
the contact area will be underestimated by the nanoindentation theory, leading to
overestimation of the calculated properties. A finite element study carried out by
Bolshakov and Pharr (1998) showed that the contact areas can be underestimated
by as much as 60% when pile-up occurs, and that the behaviour is dependent on
the ratio of the reduced modulus to the yield stress (Er/σY ), and the material’s
work-hardening behaviour.

The effects of pile-up can be exacerbated for indentations carried out on
inhomogeneous materials. During the indentation of soft metal films on a hard
substrate, it has been reported that pile-up is significantly enhanced due to the
constraints imposed by the substrate on the indentation’s plastic deformation field
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Figure 2.10: Pile-up and sink-in material behaviour at maximum indentation depth
(a) side profile of indentation, (b) geometry of projected contact areas for each case

(Zhou et al., 2008). The presence of a residual stress state in the substrate can
also affect the pile-up and sink-in behaviour. Experimental indentations carried
out on pre-stressed substrates have also been investigated by Khan et al. (2011) for
aluminium alloys, Breuils et al. (2011) for steel, Huang et al. (2009) for SiN thin
films, and Bai et al. (2000) for thin hard carbon nitride films. The experiments
show that tensile residual stress leads to a reduction of the indentation modulus
and hardness, while compressive residual stress leads to an increase in the apparent
properties for the same materials.

Wei and Yang (2011) determined the effect of residual stress on the char-
acterisation of diamond-like carbon films using a two-step finite element analysis
that simulated the pre-stress induced by a thermal process followed by nanoindent-
ation. It was found that the residual stress state in the film was dependent on
the substrate material and surface roughness. Similar to the experimental results,
compressive residual stress increased the hardness and modulus, and tensile resid-
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ual stresses lead to a reduction in the properties. Other finite element studies have
been carried out to determine the effect of residual stress on the indentation prop-
erties of nickel films (Ling et al., 2010) and general elastic–plastic strain-hardening
materials (Xu and Li, 2005), with similar trends in resulting properties reported.
While the vast majority of these investigations assume an equibiaxial stress state
and use an asymmetric modelling approach, Breuils et al. (2011) carried out full
3D finite element simulations, allowing the effects of non-equibiaxial stress states
to be determined. Modelling results from Bolshakov and Pharr (1998) showed that
tensile residual stress leads to excessive sink-in behaviour and compressive residual
stress causes material pile-up, as illustrated in Fig. 2.11. The results also show that
when the contact area is measured directly, the hardness and elastic modulus are
not significantly affected by the residual stress.

(a) (b)
Figure 2.11: Effect of residual stress on contact area (a) indentation schematic, (b)
Real vs Oliver and Pharr calculated contact area (Mann, 2005)

While the use of optical, electron and spanning probe microscopy to measure
the true contact area is often recommended for cases where pile-up occurs during
an indentation (ISO, 2015; Oliver and Pharr, 2004), there is no standard proced-
ure or consensus regarding the methods of measurement of the corrected contact
area. A number of authors have estimated the projected contact area based on the
curvature of the arc from the residual impression observed using optical or scanning
probe microscopy (SPM), as illustrated in Fig. 2.10b (Cabibbo et al., 2013; Bee-
gan et al., 2003, 2005; Kese and Li, 2006; Saha and Nix, 2001; Zhou et al., 2008).
Scanning probe microscopy techniques can also be used to measure the height of
the material pile-up based on the measured 3D surface profile. Zhang et al. (2015)
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recently investigated the effects of pile-up on the indentation modulus of Zr-based
bulk metallic glasses. The nanoindenter tip was used to generate a 3D SPM im-
age of the impressions using a scanning force of 2 µN. Line scans starting from the
centre of the impression were examined and it was assumed that the highest points
of the cross-sections were the summit of the residual pile-up, and formed the con-
tact boundary, as illustrated in Fig. 2.12. Another approach taken by authors to
correct for pile-up was to measure the pile-up height from SPM scans, and add this
height to the overall contact depth (hc). This corrected contact depth can be used
in combination with the indenter tip’s area function (2.16) to calculate the corrected
contact area (Cao et al., 2006; Zhou et al., 2008).

Figure 2.12: Contact boundary of indentation carried out on Zr55 to a maximum
load of 8 mN (a) Surface tilt corrected by linear least-squares fitting, (b) Line-scan
profiles, (c) Contact boundary determined by two highest point sets, (d) Three-
dimensional topography of the indentation (Zhang et al., 2015)
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2.4.4 Numerical simulation of nanoindentation

In recent years, the theoretical models used to establish the nanoindenta-
tion theory have been complimented by numerical modelling of the nanoindentation
process applied to various substrate materials. The most popular computational
modelling method used is the finite element method. Though solutions exist which
define the relationship between the indenter load and displacement for elastic in-
dentations, plasticity occurs during the vast majority of nanoindentation tests and is
difficult to analyse analytically. Many authors have turned to finite element methods
to accurately model this complex elastic-plastic behaviour. The first ever compar-
ison between load-displacement data simulated from Finite Element Analysis (FEA)
and experimental load-displacement data was carried out by Bhattacharya and Nix
(1988), where it was shown that the finite element method could be used as an effect-
ive tool for simulating nanoindentation experiments. The geometry and boundary
conditions of the model are shown in Fig. 2.13a, where the indentation problem is
represented by a simplified axisymmetric model. The finite element mesh around the
indentation site is shown in Figure 2.13b where the three-sided pyramidal Berkovich
indenter geometry has been modelled as an axisymmetric rigid cone with the same
projected contact area to indenter depth ratio as the Berkovich indenter. It has
been shown that this conical representation produces the same load-displacement
response as the pyramidal Berkovich indenter, even though the stress fields differ
(Marteau et al., 2014). This simplified 2D approach has been used for the vast ma-
jority of nanoindentation finite element simulations (Panich and Sun, 2004; Gregory
and Spearing, 2005; Khan et al., 2010; Bressan et al., 2005; Pelegri and Huang,
2008).

While the simplifying assumption of 2D axisymmetric indentation modelling
is useful due to the computational efficiency offered by such simulations, the impact
of this assumption on the simulation results must be questioned for pyramidal in-
dentations. A number of authors have shown that the load-displacement data from
2D conical and 3D Berkovich indentations are almost identical (Lichinchi et al.,
1998; Ruan et al., 2010). However, Warren and Guo (2006) noted noticeable differ-
ences between the stress fields and the shape of the indentation impression produced
by each model, hinting that the conical and pyramidal geometries may not be inter-
changeable for every scenario. In such cases, three-dimensional analyses have been
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Figure 2.13: (a) Geometry and boundary conditions for 2D axisymmetric indent-
ation model, (b) Detailed view of finite element mesh under indenter tip (Bhat-
tacharya and Nix, 1988)

carried out where the actual geometry of the pyramidal indenter has been fully taken
into account. An example of a three-dimensional model created by Larsson et al.
(1996) is shown in Fig. 2.14. When modelling the Berkovich geometry, the six-fold
symmetry of the indenter tip shape can be used to simplify the model by only mak-
ing it necessary to model one-sixth of the indenter and specimen geometries. The
indenter has been represented as a rigid plane with an angular offset from the sur-
face of the material being indented. Lichinchi et al. (1998) used a similar approach
to investigate the nanoindentation of hard films on a softer substrate, while Tho
et al. (2006) studied the indentation size effect on copper and aluminium using a
full 3D model. Both authors noted that the load-displacement data extracted from
the models was in good agreement with experimental data.

The insight that finite element models give into the mechanics of the nanoin-
dentation test can also be used to determine the validity of the assumptions used in
nanoindentation theory. Mata and Alcalá (2004) examined the influence of friction
on sharp indentations carried out on strain hardening solids. It was concluded that
the effects of friction on the indentation properties were dependent on whether pile-
up or sink-in occurred during the indentation and the material’s strain-hardening
behaviour. Rodríguez et al. (2006) and Pelletier et al. (2008) used numerical indent-
ation methods to estimate the effect of material pile-up on the indentation of an
aluminium matrix composite constituent and glassy polymers, respectively. Rather
than estimate the projected contact area using the Oliver and Pharr method, the
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Figure 2.14: 3D Berkovich indentation model (Larsson et al., 1996)

contact area was calculated by identifying the last point of contact at maximum
load in the 2D axisymmetric finite element mesh. This allowed the authors to apply
an area correction to all their experimental indentation test data, leading to more
accurate determination of the indentation properties.

Finite element modelling of nanoindentation is based on the assumption that
the indented material can be modelled as an elastic-plastic continuum. This con-
tinuum description appears to work well for indentation measurements down to
depths as shallow as 10–20 nm (Knapp et al., 1999). However, this assumption is
no longer valid when the maximum indentation depth is only a few nanometres. At
this scale, the load-displacement response measured is dependent on the interatomic
interactions of the nanostructure. Molecular Dynamics (MD) is a numerical model-
ling tool in which the forces between individual molecules of a system are governed
by a set of mathematical equations which are based on Newton’s laws of motion.
These equations are solved to compute the position, velocity and acceleration of each
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molecule in the system for each time increment. Verkhovtsev et al. (2013) carried
out large-scale MD simulations of the nanoindentation process of a titanium crystal
substrate. The effect of square, conical and spherical indenter geometries on the
load-displacement response was investigated to a maximum penetration depth of 3
nm. It was shown that the hardness and reduced modulus were dependent on the
indenter geometry. Goel et al. (2014) studied the nanoindentation response of iron
carbides using the MD simulation model shown in Fig. 2.15. The results provided
an insight into the cohesive dynamics of iron and carbon, as atoms from the sub-
strate were found to cling to the indenter upon unloading, causing a negative depth
hysteresis in the load-displacement data. The results also highlighted the formation
of a new phase of iron-carbide formed due to deviatoric strain, as opposed to the
high temperature induced in the substrate during nanoindentation.

Figure 2.15: Schematic diagram of the nanoindentation MD simulation model (Goel
et al., 2014)

2.5 Nanoindentation of composite materials

2.5.1 Bulk vs in situ properties

The bulk properties of the fibre and matrix constituents are often used in
fibrous composite micromechanical simulations to predict the composite properties
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and failure behaviour. However, these bulk properties may differ from the post-cure
in situ properties. Nanoindentation has emerged as one of the few techniques which
allows direct measurement of the constituent properties, where the technique has
been widely used to determine the elastic-plastic properties of film-composite ma-
terials where one constituent is deposited as a thin film onto a substrate material
(Bec et al., 2006). Nanoindentation has also been used to determine the in situ
constituent properties of fibrous composites. Gregory and Spearing (2005) carried
out nanoindentation tests on both the neat and in situ resins for two composite
material systems, one with a thermoplastic matrix (PEEK) and one with a ther-
mosetting matrix (epoxy). The results for the modulus and hardness of the bulk
and in situ epoxy resin is shown in Fig. 2.16, where it is clear that the in situ
properties are consistently higher than those of the bulk material. The in situ hard-
ness and modulus values were up to 30% larger than the values of the bulk resin.
Rodríguez et al. (2006) investigated the properties of an aluminium metal matrix
reinforced with 15 vol.% SiC particles using nanoindentation. Once the results had
been corrected for pile-up, it was found that the hardness of the in situ matrix was
higher than that of the unreinforced alloy, while the values increased slightly as the
distance to the nearest reinforcement was decreased. However, the in situ matrix
properties are not always larger than the corresponding bulk material properties.
Guicciardi et al. (2008) compared the indentation properties of particle-reinforced
ceramic composites and showed that, depending on the constituents used, the in
situ matrix properties can be lower, higher or the same as the material in its bulk
form.

2.5.2 Interphase characterisation

The nanoindentation technique has also been used to determine the properties
of the ‘interphase’ region, a phase located between the fibre and matrix constituents
formed during curing which has properties which differ to those of either constitu-
ent. A number of authors have carried out shallow grid indentations leading from
one constituent to the other in an attempt to measure the properties and thickness
of this region. Kim et al. (2001) carried out grid nanoindentation across a glass-
fibre/vinylester composite interface. The resulting load displacement curves for the
fibre, matrix and interphase regions are shown in Fig. 2.17a, while the variation of
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Figure 2.16: Neat and in situ modulus and hardness values for Cytec 977-3 epoxy
resin measured by nanoindentation (Gregory and Spearing, 2005).

the indentation modulus across the fibre-matrix interface is shown in Fig. 2.17b.
It was concluded that the interphase thickness was approximately equal to 1 µm,
where the measured properties were intermediate between that of the fibre and mat-
rix constituents. Khanna et al. (2003a) attempted to determine the properties of
the interphase region of a glass-fibre/polyester composite using an Atomic Force Mi-
croscope (AFM) as an indentation device. The resulting interphase thickness was
approximately 4 µm, with the measured modulus being higher or lower than the
matrix modulus, depending on the fibre treatments applied pre-cure. The author’s
also noted that accurate quantitative characterisation of the region was difficult due
to the effects of pile-up, viscoelasticity and surface preparation issues (Khanna et al.,
2003b). Hodzik et al. (2001; 2004) investigated the effect of water-aging on the in-
terphase properties of glass-fibre/phenolic and glass-fibre/polyester composites and
detected an increase in the interphase thickness with increased exposure to water.
While the widths of the interphase for glass-fibre reinforced materials have been in
the order of microns, the size of the interphase for a carbon-fibre epoxy composite
was determined by Wu et al. (2014) using Transmission Electron Microscopy (TEM)
to be approximately 200 nm for a 7 µm diameter fibre.

The measured differences between the bulk and in situ matrix properties and
the variation of the in situ properties at different microstructural regions is often
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(a) (b)
Figure 2.17: Nanoindentation of glass fibre/vinylester composite (a) load displace-
ment curves for fibre, ‘interphase’ and matrix regions, (b) variations in elastic mod-
ulus across fibre-matrix interface (Kim et al., 2001)

attributed to a change in the chemical constitution of the matrix material due to
reactions with fibre treatment agents (Kim et al., 2001; Gregory and Spearing, 2005;
Hobbiebrunken et al., 2006). It has also been postulated that the fibre reinforce-
ment leads to partial immobilisation of the polymer matrix which alters the curing
conditions and polymer cross-linking process, leading to a change in the resulting in
situ matrix properties (Jones, 2010). Kim and Hodzic (2003) also speculated that
volumetric changes and the generation of residual stress from thermal and chemical
sources may also play a role.

2.5.3 Effect of neighbouring constituents

Nanoindentation theory assumes that the substrate material is a homogen-
eous continuum. Erroneous constituent characterisation can occur when neighbour-
ing phases in the vicinity of the indentation site influence the mechanics of the
indentation. This is especially apparent when attempting to determine the proper-
ties of thin film materials applied to substrates. In this case a general rule of thumb
is to ensure that the indentation depth is no more than 10% of the thickness of the
thin layer (Oliver and Pharr, 1992). A similar stress transfer between constituents
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is also possible for fibrous composites. Gregory and Spearing (2005) carried out a
simple 2D finite element analysis to determine the minimum size of the resin pocket
necessary to produce nanoindentation results for the matrix constituent which were
free from the influence of the surrounding fibres. The matrix material was defined as
an elastic-perfectly plastic material using classical von Mises plasticity. It was con-
cluded that the diameter of the resin pocket was required to be at least 50 times the
maximum depth of indentation. This meant a large amount of the reported exper-
imental data was not suitable for matrix property characterisation and highlighted
an inherent difficulty in the characterisation of the matrix constituent in high fibre
volume fraction composite materials. Lee et al. (2007) also carried out a simple 3D
finite element analysis of flat punch indentations carried out across a fibre-matrix
interface. The fibre and matrix constituents were defined using basic elastic prop-
erties. Figure 2.18 shows the variation of the contact stiffness calculated from the
load displacement data across the interface. A region where the contact stiffness
varies between the bulk fibre and matrix properties was determined. Interestingly,
the size of this region was similar to that determined from the experiments, and
thus, it was concluded that the results for indentation modulus in these region are
convoluted by the mechanical constraint of the surrounding fibres and also any true
change in material properties. VanLandingham et al. (1999) noted a large increase
in the contact stiffness from AFM indentations measured within 200 nm of a carbon-
fibre epoxy composite interface, but noted that this was likely due to the effect of
fibre constraint. It was concluded that the responses measured within 200 nm of
the fibre cannot be considered as representative of an ‘interphase’ effect. Downing
et al. (2000) measured a gradient in the elastic modulus across the interface of a
glass fibre-reinforced epoxy material. However, once the fibre had been removed by
etching, the gradient reversed itself. Thus, it was concluded that interphase char-
acterisation using the nanoindentation technique was not possible due to fibre bias
in this case. These studies highlight the significant effect of fibre constraint on the
nanoindentation results of fibrous composite microstructures.
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Figure 2.18: Variation of the stiffness measured from the FEA with position from
the interface (Lee et al., 2007).

2.6 Nanoindentation of polymeric materials

2.6.1 Elastic characterisation

The nanoindentation theory developed by Sneddon (1965) and Oliver and
Pharr (1992) has been applied to experiments carried out on polymeric materials
by a number of authors. However, quantitative characterisation of the elastic mod-
ulus of polymeric materials has proven to be a challenge using these methods. For
soft polymers, difficulties have arisen in regards to determining the point of initial
contact due to the compliance of the materials systems (Deuschle, 2008). Even
for harder glassy polymers, doubts have arisen over whether the nanoindentation
theory, with its roots an elastic contact mechanics, can be used to correctly ana-
lyse force-displacement curves arising from tests carried out on polymeric materials
(VanLandingham et al., 1999). One of the predominant issues arising from the
nanoindentation of polymers has been the large difference between elastic moduli
determined from nanoindentation testing and those determined from the more con-
ventional macroscopic tension and compression tests (Kranenburg et al., 2009). For
polymers, the reported values of indentation modulus tend to be consistently larger
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than those determined from conventional testing. Modulus increases have been re-
ported in the order of 70% for polystyrene (PS) and 64% for polycarbonate (PC)
(Tranchida et al., 2007), while a 67% increase has been reported for poly(methyl
methacrylate) (PMMA) (Lu et al., 2003). VanLandingham et al. (2001) reported an
increase of 20% for poly(benzocyclobutene). The elastic moduli obtained by nanoin-
dentation (EN) have been plotted against their respective macroscopic moduli (EM)
for a selection of polymers in Fig. 2.19 (Tranchida et al., 2007).

E
M
, GPa

E
N
, 
G

P
a

Figure 2.19: Elastic moduli evaluated by Oliver and Pharr procedure from force
curves obtained by nanoindentation, EN , vs macroscopic moduli, EM , for a broad
range of polymer samples and polymer morphologies. (Tranchida et al., 2007)

More recently, De Silva et al. (2013) carried out both tensile and nanoin-
dentation testing on Poly(lactic acid)/natural halloysite nanotubes films in order
to determine the effect of nanotube concentration on strength and stiffness. While
the relative changes in modulus with nanotube concentration were similar for both
tests, the authors noted that the values of elastic modulus inferred from the nanoin-
dentation tests were many times larger those determined from the tensile testing.
Similarly, King et al. (2013) analysed the effect of adding graphene nanoplatelets to
bulk epoxy through the use of conventional macroscopic testing and nanoindenta-
tion. The moduli determined from nanoindentation testing were 33% greater than
those determined from tensile tests, while the relative trends of modulus increase
with increase in nanoplatelet concentration remained the same for both techniques.
These recent studies show that the nanoindentation technique can be successfully
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applied to comparative studies between polymeric materials, while also highlighting
distinct limitations in the ability of the theory to quantitatively determine the true
elastic modulus of these materials.

The apparent failing of the nanoindentation technique to correctly character-
ise elastic behaviour of polymeric materials has been evidenced through analysis of
the non-linear curve fit which is applied to the unloading data according to Equation
2.20.

P (h) = B (h− hp)m (2.20)

According to Sneddon’s elastic theory (Sneddon, 1948) and the concept of
an “effective indenter” (Pharr and Bolshakov, 2002), the value of the curve-fitting
exponent (m) in Equation 2.20 should fall somewhere between the value for an elastic
flat punch indentation (m = 1) and that of an elastic conical indentation (m = 2).
However, a number of authors have noted that the application of the non-linear
curve-fit to the unloading curves of polymeric materials often leads to poor curve-
fits and values of the curve-fitting exponent which are greater than the upper limit
of 2. VanLandingham et al. (2001) carried out indentations on a benzocyclobutene
(BCB) polymer and noted that the power law fits using both the commercial DSI
system software and commercially available statistics software did not converge for
any of the experimental data sets, but results were output based on the values of
the fitting parameters for the final iteration. An example of a resulting curve-fit is
shown in Fig. 2.20a where it can be seen that the fit is a very poor representation
of the actual unloading data. The power law exponents from the curve fits were all
greater than 2, ranging from 2.2 to 2.7. Beyaoui et al. (2009) also noted a poor fit
when Equation 2.20 was fit to unloading data from indentations carried out on PC
(Fig. 2.20b) and PMMA. The exponents from the curve fits were also found to fall
outside the expected range with values of 3.7 and 2.2 reported for PMMA and PC
respectively. Interestingly, the authors noted that if the materials were loaded and
unloaded a large number of times, the exponent from the fitting procedure was found
to decrease rapidly and tend to values of 1.8 for PMMA and 1.5 for PC, i.e. within
the expected range for elastic-plastic materials. The values of modulus however,
were found to be insensitive to the number of unloading and reloading cycles.
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(a) (b)

Fit
Experimental Curve

Figure 2.20: Examples of poor power-law curve fits from (a) VanLandingham et al.
(2001) indentation carried out on benzocyclobutene (BCB) polymer and (b) Beyaoui
et al. (2009) indentation carried out on polycarbonate (PC)

In summary, at the very least, elastic modulus determination using nanoin-
dentation data has been shown to be problematic for polymer materials. At worst,
the Oliver and Pharr procedure, as well as any other procedure derived from elastic
contact mechanics, is incorrect from a theoretical point of view and cannot be
applied to the nanoindentation unloading curves obtained for polymeric materi-
als (Tranchida et al., 2007). A number of authors have postulated that the polymer
indentation modulus overestimation could be due to the effects of material pile-up,
described in Section 2.4.3 (King et al., 2013; Kranenburg et al., 2009). However,
based on the ratio of final depth to maximum indentation depth, Tranchida et al.
(2007) expected the influence of pile-up to be modest for glassy polymers.

2.6.2 Viscoelasticity

A number of authors have expressed concern over the use of elastic contact
theory in the analysis of materials which exhibit time-dependent viscoelastic and
viscoplastic behaviour. The overestimation of the sample elastic modulus, as well
as the poor non-linear curve fits associated with polymeric materials have often
been attributed to this peculiar material behaviour (VanLandingham et al., 2001;
Tranchida et al., 2007; Lagoudas et al., 2006; Oyen, 2007; King et al., 2013; Beyaoui
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et al., 2009). The most obvious evidence of the effect of this time-dependent be-
haviour occurs when viscoelastic creep dominates the initial unloading response of
the load-displacement data. In this case, the initial decrease in the applied load
does not lead to a decrease in the indenter displacement. This is often described
as a ‘nose’ and leads to a negative initial unloading slope. This negative value for
the contact stiffness makes the calculation of the sample elastic modulus impossible.
An example of a “nose” occurring during the nanoindentation unloading segment is
shown in Fig. 2.21 for an indentation carried out on PMMA (Briscoe et al., 1998).

In order to reduce to effect of indentation creep on the unloading data of
nanoindentation experiments, Hochstetter et al. (1999) proposed the addition of a
constant load hold segment between the loading and unloading segments of a nanoin-
dentation test. This method of minimising viscoelastic effects has been shown to
remove the ‘nose’ from unloading data where it had existed in the absence of a hold
time. The effect of a 10 second hold segment on the unloading data from Briscoe
et al. (1998) is also shown in Fig. 2.21. The hold segment has since become an
intrinsic part of standard nanoindentation testing for all materials (Agilent, 2009),
while for materials which exhibit time-dependent deformation, it is recommended
to determine an optimum hold time which sufficiently diminishes the effect of this
time dependent deformation on the initial unloading data (Lagoudas et al., 2006).
In order the determine the effect of hold segment time on the indentation modulus
predicted for polymers, Tranchida et al. (2007) carried out experiments with holding
segment times which varied from 1 to 100 seconds. However, only a 5% reduction
in elastic modulus was reported for the longest hold time of 100 seconds. Jin et al.
(2015) compared the results for indentations carried out on PMMA with holding
time segments ranging from 10 seconds to 1000 seconds. As the holding time was
increased, the elastic modulus and hardness both drastically decreased as shown in
Fig. 2.22, while keeping both the maximum load and loading rate constant. Beake
and Leggett (2002) also determined the effect of varying hold times on the hardness
and elastic modulus of poly(ethylene terephthalate) films. Much less drastic reduc-
tions in hardness (15%) and modulus (8%) were reported over a range of holding
times varying between 10-600s.

Another method to minimize the effect of time-dependent deformation on the
nanoindentation results is to vary the loading and unloading rates of the indenta-

41



2 LITERATURE REVIEW

Nose

Figure 2.21: Load–displacement data at the loading–unloading peak for two indent-
ations on PMMA performed under similar loading conditions. The introduction of a
hold segment (10 s) at the peak load reduces the creeping effect upon the unloading
set of data (Briscoe et al., 1998).

tions. Tranchida et al. (2007) carried out experiments with varying loading/unload-
ing rates ranging between 1 to 100 µN/s for indentations carried out on amorphous
Polycarbonate (PC) and two semicrystalline isotactic polypropylene (iPP) samples.
The elastic modulus was unaffected by changing loading rates and deviated more
from the macroscopic test value as the rate increased as shown in Fig. 2.23. Beake
and Leggett (2002) also found that the modulus was relatively insensitive to changes
in loading/unloading rates between 0.01 and 1 mN/s, while hardness decreased
slightly with increasing loading rate. Conversely, Jin et al. (2015) reported that the
indentation modulus of PMMA was sensitive to unloading rate across a range of 0-3
mN/s. The modulus decreased with increase in unloading rate, while the hardness
remained constant. The author’s concluded that a high unloading rate was required
to obtain reasonable measurements free from the influence of viscous deformation.

2.6.3 Hydrostatic stress

It has been shown that the macroscopic stiffness and strength of polymeric
materials is dependent on the hydrostatic stress state surrounding the specimen
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Figure 2.22: Indentation elastic modulus and hardness of PMMA as a function of
holding time (Jin et al., 2015)

during the test. In general, the elastic modulus of polymers increases with increasing
hydrostatic pressure when tensile tests are performed in a thick-walled cylindrical
pressure chamber (Pae and Bhateja, 1975). The ratio of elastic modulus under
hydrostatic pressure (E(P )) to the modulus at atmospheric pressure (E(0)) for
several amorphous polymers is shown in Fig. 2.24. It was proposed by Birch (1938)
that the increase in modulus due to the presence of hydrostatic pressure is described
by Equation 2.21:

E = E(0) + 2σH(5− 4υ)(1− υ) (2.21)

where E(0) is the elastic modulus at atmospheric pressure, σH is the applied hydro-
static pressure, and υ is the Poisson’s ratio of the material. It is clear from Equation
2.21, that the pressure dependence of the elastic modulus is greater for materials
that have a lower modulus at atmospheric pressure, such as polymers. This ex-
pression was experimentally verified and shown to correctly predict the change in
the tensile modulus of polymers with increasing hydrostatic pressure by Silano et al.
(1974) and Pae and Bhateja (1975). During a nanoindentation test, the stressed ma-
terial below the indentation tip becomes constrained by the surrounding unstressed
material, leading to a build-up of large compressive hydrostatic stress in the sub-
strate (Atkins and Tabor, 1965). It has been postulated by a number of authors
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Macroscopic moduli

Figure 2.23: Dependence of elastic moduli, evaluated by Oliver and Pharr procedure,
on loading rate in a broad range of conditions for three morphologies: amorphous PC
and two semicrystalline iPP. Results are compared with macroscopic bulk moduli
(Tranchida et al., 2007)

that for polymers, the existence of this hydrostatic stress state could play a role in
the overestimation of the indentation modulus for the materials (VanLandingham
et al., 2001; Briscoe and Sebastian, 1996; Doerner and Nix, 1986).

Figure 2.24: Elastic modulus ratio vs hydrostatic pressure for various amorphous
polymers (Pae and Bhateja, 1975).
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2.7 Summary of literature review

In this chapter a comprehensive literature review has been carried out on
the work relevant to the application of the nanoindentation technique to carbon
fibre reinforced plastic composite materials. In Section 2.2, it is shown that the
macroscopic deformation and failure of composite materials is linked to mechan-
isms which occur at the microscale. The deformation and final failure mechanisms
at this scale are intrinsically linked to the microscale properties of the composite
constituents. Experimental micromechanical analyses, such as those carried out by
Zhang et al. (2010) and Llorca et al. (2011), provide a qualitative insight into the
deformation and failure mechanisms, while the results from micromechanical finite
element models, such as those created by González and Llorca (2006) and Vaughan
and McCarthy (2011a; 2011b), have provided a quantitative insight into the effects
of constituent properties, interface strength and the distribution of reinforcement
on these mechanisms. However, the accuracy of these models is highly dependent
on the inputs used to define the properties of the constituents. Thus, experimental
methods to determine these properties in situ are required if virtual mechanical
tests of composite materials are to become more widely used as an alternative to
expensive coupon and structural testing (Llorca et al., 2011).

The nanoindentation technique and theory are described in Section 2.4, where
it is shown that the theory is based on elastic deformation of a homogeneous me-
dium, with the most commonly used analysis technique being that developed by
Oliver and Pharr in 1992. While this theory is valid in most cases, the underlying
analysis assumptions are invalidated when the theory is applied to certain materials,
and can lead to bias or error in their analysis. Section 2.4.4 highlights a number of
finite element studies of the nanoindentation process, such as that carried out by
Bhattacharya and Nix (1988), and shows that the numerical technique is useful for
providing an insight into analytical or material issues associated with the nanoin-
dentation technique in certain experimental scenarios. Finite element methods have
often been used to examine the mechanics of indentations carried out on thin films,
where the characterisation of the thin film material can be influenced by the sub-
strate properties (Bressan et al., 2005). This scenario is analogous to the effect of
fibre constraint on the characterisation of the matrix constituent in fibrous com-
posite materials. Section 2.5.3 describes numerical studies carried out by Gregory
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and Spearing (2005) and Lee et al. (2007) who investigated the effect of fibre con-
straint on the indentation properties of matrix pockets and the ‘interphase’ region,
respectively. While both studies conclude that the effect is significant, these studies
simplify the microscale geometry and matrix material properties, and acknowledge
that more accurate modelling is required to fully understand the phenomenon.

Section 2.3.1 details the effect of thermal cooldown on the microscale residual
stress state for fibrous composites. Numerical modelling techniques employed by
Vaughan and McCarthy (2011a) and Yang et al. (2013) show that the post-cure
stress distribution varies in nature and magnitude throughout the composite micro-
structure and is highly dependent on the fibre reinforcement volume fraction and
distribution. Vaughan and McCarthy (2011a) found that the large compressive re-
sidual stress at the fibre-matrix interface is beneficial for transverse tensile loading
scenarios, as it offsets the initiation of fibre-matrix debonding. However, thermal
residual stress can also lead to microscale damage prior to loading, adversely af-
fecting the strength of the ply, as shown by Maligno et al. (2009) and Yang et al.
(2013). These studies highlight the significant magnitude of the residual stress state
which exists in the composite microstructure post-cure. Section 2.4.3 highlights fi-
nite element studies, such as work carried out by Bolshakov and Pharr (1998), which
show that residual stress in a nanoindentation substrate can affect the pile-up and
sink-in behaviour, affecting the calculation of nanoindentation properties. While
the effect of thermal residual stress on the composite mechanical performance has
been analysed previously, the degree to which the constituent material properties of
long-fibre reinforced composite materials, measured through nanoindentation, are
affected has not yet been investigated, and will be examined in this thesis.

Bulk properties are often used in micromechanical models to predict the prop-
erties of the composite. However, the high-temperature curing process associated
with composite manufacture leads to intensive thermal, mechanical and chemical
processes taking place during the consolidation of the constituent phases, which may
alter the in situ properties. For this reason a number of authors have attempted
to determine the in situ properties of the matrix constituent using nanoindentation,
as described in Section 2.5.1. However, very few studies exist comparing the bulk
and in situ properties of polymer-matrix composites, the most extensive compar-
ison being carried out by Gregory and Spearing (2005). While it was shown that
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the in situ properties of an epoxy resin were larger than that of the bulk, the study
also highlighted the difficulty in obtaining valid nanoindentation measurements from
high fibre volume fraction composites microstructures. The variation of the in situ
properties relative to the matrix pocket radius was also not investigated. The bulk
and in situ materials were cured separately for the study which may have affected
the comparison, and while the CSM technique (described in Section 2.4.2) was used,
the values failed to converge until a large indentation depth was reached, limiting its
usefulness. The CSM technique is a very powerful tool for examining the properties
of composite constituents. However this potential has not been fulfilled for poly-
mer matrix composite materials, and will be used to further examine the composite
matrix in-situ properties in this thesis.

Section 2.6 describes attempts made by authors to determine the elastic mod-
ulus of polymeric materials using nanoindentation. The results from investigations
carried out by VanLandingham et al. (1999) and Tranchida et al. (2007) clearly
highlight a disparity between the values of elastic moduli determined from nanoin-
dentation in comparison with those determined from tensile tests, with the indent-
ation moduli being consistently larger. This limits studies of polymer composite
matrix constituents to comparative studies between bulk and in situ properties,
without an accurate quantitative determination of the elastic modulus. While a
number of authors have turned to analysing polymer indentations with viscoelastic
and viscoplastic models (Fischer-Cripps, 2004; Oyen, 2005; Odegard et al., 2003),
the Young’s modulus is the parameter used to define the elastic matrix material be-
haviour in composite micromechanical analyses (González and Llorca, 2006; Totry
et al., 2008; Romanowicz, 2010; Vaughan and McCarthy, 2011a). Thus, the incorrect
determination of polymer elastic moduli by nanoindentation remains a predominant
issue preventing the accurate quantitative characterisation of the in situ matrix in
polymer composite materials. The effects of pile-up, viscoelasticity and hydrostatic
stress on the calculation of polymer indentation modulus using the standard Oliver
and Pharr methods of analysis are not well understood and will be investigated as
part of this thesis.
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3 Numerical Characterisation of Fibre Constraint
Effects on Matrix Constituent Characterisation

3.1 Introduction

In recent years, a large amount of research has been focused on analysing the
response of a fibrous composite material’s constituent phases and their interfaces
under various loading conditions. Analysis of this type involves carefully examining
the microstructure of the composite material and relating the observed behaviour to
macroscopic failure mechanisms. To facilitate this type of analysis, micromechanical
models have been developed which model each constituent as a discrete material
and allow for stress distribution, damage and eventual failure of the composite to be
simulated at the microscale (Vaughan and McCarthy, 2011a; González and Llorca,
2007). However, these models assume that the properties of each constituent remain
the same as the properties of the material in its bulk form. This may not be the
case after the composite manufacturing and curing processes. The nanoindentation
technique can be employed to determine these constituent properties in situ, in an
attempt to more accurately model the microscale behaviour.

The theory on which the nanoindentation technique is based assumes that the
substrate material is a homogeneous continuum. This assumption can lead to a num-
ber of issues when the technique is applied to multi-phase composite materials. One
such issue is the potential for neighbouring phases in the vicinity of the indentation
site to influence the mechanics of the indentation. This can occur when the indent-
ation’s stress field is constrained or promoted, depending on the relative properties
of the constituent materials. Thus, special analysis is required to ascertain the effect
of neighbouring constituents on the nanoindentation load-displacement data, based
on the geometry and properties of the material constituents in question. Previous
work has shown that the load-displacement data from nanoindentation tests carried
out into the resin region of a fibrous composite can be influenced by the reinforcing
effect of the surrounding fibres (Gregory and Spearing, 2005; Lee et al., 2007). This
leads to results which are convoluted due to the mechanical constraint effect of the
fibres, which hinders the ability of the technique to accurately characterise potential
differences in mechanical properties of the bulk and in situ material. Accurate char-
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3 NUMERICAL CHARACTERISATION OF FIBRE CONSTRAINT EFFECTS
ON MATRIX CONSTITUENT CHARACTERISATION

acterisation of the fibre constraining effect is essential in order to understand the
experimental limitations imposed by this phenomenon, and deduce accurate matrix
material properties from nanoindentation testing.

In this chapter, finite element models of the indentation test applied to the
high fibre volume fraction HTA/6376 composite microstructure have been generated.
The constraining effect of the surrounding fibres on the indentation of in situ matrix
has been analysed in detail, using both 2D and 3D finite element modelling. The
effect of surrounding fibre volume fraction and sub-surface stress fields have been
analysed, while the influence of fibre constraint on the calculation of the contact
area has also been studied.

3.2 Model description

The material under investigation is HTA/6376, a high strength carbon fibre
reinforced polymer used in the aerospace industry. The material has a high fibre
volume fraction of approximately 60% with a mean fibre diameter of 6.6 µm (Vaughan
and McCarthy, 2010). The commercial finite-element code Abaqus v6.10 (ABAQUS-
Inc., 2013) was used to create the models and carry out the analyses. The assump-
tions made in the finite element models were as follows:

• No debonding occurs between fibre and matrix due to the indentation stress
fields

• The 6376 matrix material properties are constant throughout the region (i.e.
no ‘interphase’ region with a property gradient exists)

• The fibres are unidirectional and perfectly straight

• No creep or damage has been modelled in the matrix or the fibres

• The indenter tip is rigid and representative of perfectly sharp 2D cone or 3D
Berkovich geometry (Fig. 3.1)

• No pre-existing stress state existed after the composite curing process (The
effect of microscale residual stress is examined in detail in Chapter 4)

• Contact between the indenter and the specimen is assumed to be frictionless
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76.9°

65.3°

Figure 3.1: Berkovich indenter tip geometry

3.2.1 2D axisymmetric model

The first modelling approach assumes that the problem could be simplified
by the 2D axisymmetric representation of the indentation process. This is the ana-
lytical geometry on which the nanoindentation theory is based, and the simplified
modelling approach is consistent with previous finite element investigations of the
nanoindentation process (Panich and Sun, 2004; Gregory and Spearing, 2005; Khan
et al., 2010; Pelegri and Huang, 2008). The mesh and boundary conditions used for
the 2D models are illustrated in Figure 3.2. Here, the specimen and the indenter
were treated as revolution bodies. Four-noded antisymmetric solid (CAX4) elements
were used to model the 6376 resin, while it was assumed that the indenter could be
modelled as a rigid cone with a half-angle of 70.3°. This simplified representation
gives the same projected area to depth ratio as the three-sided Berkovich pyramid
tip geometry generally used in nanoindentation experiments. A fine mesh was used
in the indentation region, as large local deformation takes place in this zone, and
the mesh became gradually coarser further afield from this region. This ensured
that around 30 elements were in contact with the indenter at full load. The left
and bottom regions of the model where constrained from movement in the X and
Z directions respectively. Infinite elements in Abaqus were also experimented with
in an attempt to replicate the infinite boundary at the bottom and right sides of
the model. However, as the boundary effect was of interest in this investigation,
the dimensions in the X and Z directions (Figure 3.2) were initially set to a value
300 times the maximum indentation depth in order to ensure far-field effects were
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negligible.

v = 0

Rigid Conical Indenter

70.3°

r

u
 =

 0

X

Z

Figure 3.2: Magnified view of indentation region of the 2D axisymmetric model
along with boundary conditions

The 2D models were used to examine the effect of the surrounding fibres on
indentations of the matrix constituent. The deformation of the right-hand end of
the model was restricted from movement in all directions (i.e. u = v = w = 0)
to represent a rigid fibre constraint. The value of r shown in Figure 3.2 represents
the distance from the initial contact point of indentation to the outside rigid ‘fibre’
region. This value of r was gradually reduced, while the indentation depth held
constant at 1 µm in order to determine the change in indentation response closer to
the rigid boundary.
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3.2.2 3D models

In order to model the three-sided pyramidal geometry of the actual Berkovich
indenter, a 3D model is required. The 3D model also allows the microstructure of
the fibrous composite to be defined more realistically than with the 2D axisymmetric
model. The three-sided Berkovich indenter geometry contains two planes of sym-
metry which allows accurate simulations of the indentation test to be produced using
only one sixth of the substrate and indenter geometries. This is illustrated in Fig-
ure 3.3 where the modelled geometry has been highlighted. The substrate part was
meshed with a combination of linear hexahedral elements (C3D8) and linear wedge
elements (C3D6) available in Abaqus. Similar to the 2D models, a refined mesh was
used in the central region at the indentation site, and gradually became coarser away
from this region. Due to the six-fold symmetry employed, the Berkovich indenter
geometry could be modelled using a single rigid plane with an angular offset of 24.7°
from the surface as shown on the right of Figure 3.4a. This perfectly represents
the Berkovich indenter geometry when the symmetry is taken into account. The
use of the Mohr-Coulomb yield criterion to define the elastic-plastic behaviour of
the 6376 material led to convergence issues, largely due to the extreme distortion
experienced by the elements initially contacted by the rigid indenter. It was found
that the models would not converge when a structured meshing algorithm was used.
Thus, an advancing front sweep meshing algorithm was employed for the 3D models
described herein, which facilitated convergence of the simulations.

Three different 3D substrate geometries were used to investigate the fibre
constraint effect on the nanoindentation response of the resin. The first model shown
in Figure 3.4a represents the constraint of the fibres as a rigid boundary similar to
the 2D model described earlier. This is achieved by constraining the displacement
of the nodes on the whole of the outside curved surface in every direction. The
rest of the boundary conditions are similar to those used in the 2D model. This
model geometry was used to highlight any difference in the fibre constraint response
between the indentations carried out using a 2D cone and the accurate 3D Berkovich
geometry.

The second 3D model shown in Figure 3.4b contains discrete cylindrical re-
gions which represent the HTA fibres. These sections were added to the bulk speci-
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Figure 3.3: Six-fold symmetry of Berkovich indenter tip geometry

men in order to realistically represent cylindrical fibres surrounding the indentation
zone. The diameter of the HTA fibres was 6.6 µm and the inter-fibre spacing was
between 0.4 and 0.6 µm. These values were chosen based on average results determ-
ined in a previous study which characterised the fibre distribution of the HTA/6376
composite microstructure (Vaughan and McCarthy, 2010). Beyond this first layer
of surrounding fibres, the material has been assigned the homogenised properties
of the HTA/6376 composite through an embedded cell approach, as illustrated in
Fig. 3.5a. Models were also developed which included further discretised layers of
fibres beyond the first layer, however the results from these models did not vary
significantly from the results from the embedded cell models. The variable r has
been defined as the distance from the initial point of indentation to the closest point
on the edge of the fibre, as shown in Fig. 3.4b.

The final 3D model shown in Figure 3.4c represents a situation where the
fibre packing arrangement around the indentation region is less dense. It is useful to
compare results for this model with the results for the closely packed fibres model
as often in fibrous composites, like HTA/6376, the large resin pockets are located at
the interply regions, as shown in Figure 3.6. This often leads to matrix rich regions
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r

r r

(a)

(b) (c)

Figure 3.4: 3D finite element models used to represent a nanoindentation in the
vicinity of fibres, (a) fibres represented as a rigid boundary, (b) fibres represented
by a circular pattern of closely packed fibres and (c) fibres represented by a less
dense packing arrangement

which are longer in one direction than the other. Thus, when indentation is carried
out in these regions, the constraint effect will only be due to a few fibres initially. Due
to the nature of the six-fold symmetry, adding one fibre to the model is equivalent
to a less dense ring of three fibres surrounding the indentation region. Again, the
embedded cell approach was used for these models and a plan view outlining the
various section assignments for the models is illustrated in Figure 3.5b.
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6376 Epoxy

HTA Fibre

Homogenised Composite

(a) (b)

Figure 3.5: A plan view showing the section assignments of the models containing
discrete fibre regions: (a) closely packed ring of fibres, (b) sparse array of three
surrounding fibres

3.2.3 Material properties

A large strain solution was used in the analysis and both constituent materials
were defined using the elastic properties shown in Table 3.1. The HTA fibre was
assumed to exhibit transversely isotropic linear elastic behaviour, while the 6376
resin’s elastic-plastic behaviour was modelled using the pressure-sensitive Mohr-
Coulomb yield criterion. This yield criterion is capable of taking into account the
hydrostatic pressure sensitivity of the 6376 resin and has been previously used to
predict yielding in polymers associated with fibrous composite materials (González
and Llorca, 2007; Vaughan and McCarthy, 2011a; Totry et al., 2008). The Mohr-
Coulomb criterion induces yield in the material when the combined normal (σn) and
shear (τ) stress reach a critical level on a plane according to Equation 3.1:

τc = τ + σn tanφ (3.1)

where τc is the cohesion stress (yield stress in pure shear) and φ is the angle of
internal friction. The yield criterion can be expressed in terms of the maximum and
minimum principal stresses, as shown in Equation 3.2:

f(σ1, σ3) = (σ1 − σ3) + (σ1 + σ3) sinφ− 2τc cosφ = 0 (3.2)
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Figure 3.6: Optical microscope image of the HTA/6376 microstructure showing the
matrix-rich regions between the laminae

Table 3.1: Constituent and composite elastic properties (Vaughan and McCarthy,
2011b; O’Higgins et al., 2008)

Fibre (HTA) Matrix (6376) Composite (HTA/6376)
E11(GPa) 238 3.63 139

E22/E33(GPa) 28 3.63 10
υ12 0.25 0.34 0.32
υ23 0.33 0.34 0.5
υ31 0.02 0.34 0.32

G12/G31 (GPa) 24 1.34 5.2
G23 (GPa) 7.2 54×10−6 3.6

The cohesion stress and friction angle used to describe the yield behaviour
using the Mohr-Coulomb model can be related to the tensile (σT ) and compressive
(σC) strengths of the material using Equations 3.3 and 3.4 respectively:

σT = 2τc
cosφ

1 + sinφ (3.3)

σC = 2τc
cosφ

1− sinφ (3.4)

Using these expressions combined with experimental data from tension and
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compression tests carried out on specimens of 6376 epoxy resin by Fiedler et al.
(2005), the friction angle (φ) and cohesion stress (τc) were determined as 26° and
82 MPa respectively. The homogenised properties of the composite used in the
embedded cell approach are also given in Table 3.1 (O’Higgins et al., 2008).

3.3 Results and discussion

3.3.1 Model validation

In order to verify the mesh and boundary conditions used for the finite ele-
ment models, the load-displacement data from simulated indentations carried out on
elastic substrates defined using the 6376 material’s elastic properties was compared
with expressions from the literature. The load-displacement curves from the elastic
2D axisymmetric simulations have been compared with the elastic load-displacement
response predicted by Sneddon’s theory for elastic indentation by a conical-shaped
indenter given in Equation 3.5:

P = 2γ
π
Er(tanα)h2 (3.5)

where P is the indenter load, h is the indenter displacement, α is the half-angle of the
conical indenter and Er the reduced modulus of the contact. The correction factor
γ was proposed by Hay et al. (1999), who discovered that the application Sneddon’s
elastic solution to conical indentations lead to a slight error, as it improperly accoun-
ted for radial material displacement into the contact region for conical indentations.
As shown in Figure 3.7a, the two curves show good correlation, verifying the mesh
and boundary conditions used in the 2D model.

In order to verify the mesh and boundary conditions used in the generation of
the 3D models, the nanoindentation of a substrate defined with the 6376 material’s
elastic properties was simulated using the 3D models. The load-displacement curves
from the model were then compared with the expected load-displacement curves
according to the expression given in Equation 3.6, derived numerically by Larsson
et al. (1996).
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Figure 3.7: Elastic response of the (a) 2D axisymmetric model compared with Sned-
don’s theory and (b) 3D nanoindentation model compared with Larsson’s expression

P = 2.1891(1− 0.21υs − 0.01υ2
s − 0.41υ3

s)
E

1− υ2
s

h2 (3.6)

The load-displacement data has been compared in Fig. 3.7b. and shows
good agreement between the curves. The elastic modulus used as an input to define
the elastic substrates (3.63 GPa) has been compared with the indentation moduli
determined using the simulated elastic unloading data and Equation 3.7 based on
the Oliver and Pharr analysis.

E = 1
2γ
√
A

dP

dh

√
π(1− υs2) (3.7)

where A is the contact area, dP
dh

is the unloading contact stiffness and υs is the sample
Poisson’s ratio. The output indentation moduli were 3.68 GPa and 3.70 GPa for
the 2D and 3D models respectively which show reasonable agreement with the input
value of 3.63 GPa.

59



3 NUMERICAL CHARACTERISATION OF FIBRE CONSTRAINT EFFECTS
ON MATRIX CONSTITUENT CHARACTERISATION

3.3.2 Effect of friction coefficient

In order to verify the validity of the frictionless contact assumption used in
the finite element contact definition, the 3D nanoindentation of bulk 6376 matrix
material was simulated with coefficients of friction (µ) ranging from 0 to 1. Figure 3.8
shows the variation of the normalised indentation modulus and hardness values for
all the simulations. Based on the tight Y-axis limits, it is clear that the dependence
of the indentation parameters on friction coefficient was negligible. This result is
in line with previous studies into the effects of friction on nanoindentation testing
(Liao et al., 2009; Wang et al., 2007). Thus, the friction coefficient was assumed to
be zero for the remaining simulation results presented herein.
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Figure 3.8: Variation of indentation modulus and hardness with friction coefficient
(µ)

3.3.3 Comparison of indentation stress fields

It has been shown experimentally and numerically that conical and pyramidal
indenter geometries with the same projected area to depth ratio produce the same
load displacement data (Lichinchi et al., 1998; Ruan et al., 2010). This allows the
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nanoindentation theory which is based on axisymmetric conical indentations to be
applied to indentations carried out with a pyramidal Berkovich tip, but has been
shown produce different stress fields in certain cases (Warren and Guo, 2006). The
stress fields produced by the 2D and 3D indentation models are shown in Figs.
3.9a and 3.9b, respectively. The near field stress states located directly under the
sharp indenter tip are different for both models. However, the size of the stress
fields perpendicular to the indentation direction is of interest to this study, as the
constraining fibre reinforcement is parallel to the indentation direction. It is clear
from Fig. 3.9 that the far field stresses produced by each indentation geometry are
quite similar, and are reasonably axisymmetric, even for the non-axisymmetric 3D
Berkovich indenter geometry. The size of the stress fields for the 2D conical and 3D
Berkovich indentations are directly compared in Fig. 3.10, where the lines represent
the regions where the stress was equal to 26.4 MPa, i.e. 10% of the 6376 material’s
compressive yield strength (σY C). The size of the stress fields are very similar for
both indenter geometries, with the 2D stress field extending slightly farther from
the point of indentation than that produced by the 3D Berkovich geometry.

(a) (b)

)

(Avg: 75%)

S, Mises

+2.124e−09
+6.276e−05
+1.255e−04
+1.883e−04
+2.510e−04
+3.138e−04
+3.766e−04
+4.393e−04
+5.021e−04
+5.649e−04
+6.276e−04
+6.904e−04
+7.531e−04

Figure 3.9: Comparison of von Mises stress fields produced by (a) 2D and (b) 3D
models

3.3.4 Fibre constraint results

The indentation modulus was determined from the nanoindentation load-
displacement curves at each value of r for all of the models considered. When r
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2D Axisymmetric

3D Berkovich
26.4 MPa

Figure 3.10: Size comparison of stress fields produced by 2D and 3D models

was made sufficiently large and the indentation was unaffected by any boundary,
the models reproduced the correct elastic modulus value of the resin for both the
2D and 3D unconstrained models. The 2D model predicts a modulus value of 3.68
GPa while the 3D model predicts a modulus value of 3.70 GPa, which both compare
well with the value of 3.63 GPa used to define the material properties in the model.
Since the maximum indentation depth was held constant at 1 µm, the r value gave
an indication as to how constrained the indentations were by the rigid boundary
and discrete fibre sections. In all the models, it was found that as the value of r
decreased, the maximum load required to achieve the maximum indentation depth
increased, as shown in Figure 3.11 for four different values of r in the 3D model
where the fibre constraint was represented by a rigid boundary condition. This also
results in a steeper slope in the initial part of the unloading curve which indicates
an increase in contact stiffness with decreasing distance to the fibre regions.

The values of Young’s modulus obtained for each value of r were compared
with the unconstrained value of Young’s modulus obtained from the same model.
This gave an indication as to the degree to which the constraints were affecting
the value of indentation modulus calculated using the nanoindentation simulation’s
load-displacement data. The ratio of Young’s Modulus to unconstrained Young’s
modulus is plotted against values of r in Figure 3.12 for all four model-types. Both
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Figure 3.11: 3D Nanoindentation simulation load-displacement curves for three dif-
ferent values of r

the 2D and 3D models with fibre constraint represented by a rigid boundary pro-
duced similar results, with the 2D axisymmetric cone assumption slightly overcon-
straining the indentation compared to the more realistic 3D Berkovich geometry.
This is due to the slightly larger stress field produced by the conical indentation in
comparison to the Berkovich indentation, highlighted in Fig. 3.10. The 3D model
of the indentation site surrounded by densely packed fibres produced results with
significantly lower values of E/Eun than both the 2D and 3D models with the rigid
boundary. This shows that representing the fibre constraint as a rigid boundary
severely over-constrains the indentation compared to the realistic composite micro-
structure. This is most likely due to the cylindrical shaped fibres imposing a less
significant mechanical constraint on the indentation, as stress can also flow through
the inter-fibre spacing while also in the non-rigid fibre sections. Fig. 3.12 shows
that for this realistic microstructural geometry, the indentations remain relatively
unconstrained for values of r equal to 20 or greater. A sharp increase in modulus
is observed for lesser values of r. Fig. 3.13 illustrates the approximate size of the
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projected contact area relative to the surrounding microstructure for this limiting
indentation (r = 20 µm). Visually, the projected area appears quite small in com-
parison with the size of the pocket. In an experimental scenario, the indentation
could easily be assumed to be completely unconstrained, despite being right on
the limit of what can be considered an unconstrained indentation. This highlights
the importance of characterising the fibre constraint effect prior to carrying out in-
dentations into the in situ matrix pockets of high fibre volume fraction composite
materials.
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Figure 3.12: Ratio of Young’s Modulus to unconstrained Young’s modulus plotted
against r for all four model-types

The final 3D model with just three immediate fibres around the indentation
site region showed lower values of E/Eun than both other 3D models. This shows
that the density of the fibre distribution is also a significant factor which should
also be considered when selecting a suitable indentation site. The orientation of the
Berkovich indenter tip relative to the surrounding microstructure had little impact
on the results. This is due to the axisymmetric shape of the sub-surface indentation
stress imposed by the Berkovich indenter tip, highlighted in Fig. 3.10. A closer look
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r = 20 µm

Projected contact area

Figure 3.13: Illustration showing the projected contact area of an unconstrained
indentation when r = 20 µm

at the stress distribution in the 3D models with fibre sections provides an interesting
insight into the mechanics of the fibre constraint in these indentations. The stress
distribution at three different indentation depths is shown in Figure 3.14 for the
3D model with closely-packed fibres where r = 10 µm . The stress limits for the
contours have been limited to a range of 0.1σY C ≤ σ ≤ σY C where σY C is the
yield stress of the 6376 resin in compression (264 MPa). Figure 3.14 shows that as
the indentation depth increases, significant compressive stress develops in the fibre
section, despite the fact that the indent was located in what would initially appear to
be a large resin pocket within the composite microstructure. The load-displacement
curve for this nanoindentation simulation is shown in Figure 3.15 along with the
load-displacement curve for the unconstrained indentation. Initially, for low values
of indenter displacement, both sets of data exhibit a similar response as the fibre
constraint is not prevalent at these depths. As the indentation depth increases,
stress is transferred to the surrounding fibres, as shown in Figure 3.14, and this
effect leads to a divergence in the load displacement curves.

The finite element models have also been used to investigate the validity of
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Figure 3.14: Development of stress in the fibre sections throughout the loading step
when r = 10 µm

the Oliver and Pharr model for determining the correct contact area for indentations
carried out on the in situ 6376 resin. The projected contact areas inferred using this
nanoindentation theory can be compared to the areas measured directly from the
finite element model contact area. The contact area was extracted directly from
the simulations by summing the total area of the nodes in contact at the maximum
indentation load. This contact area was then converted to the projected contact
area using Equation 3.8, based on the geometry of the Berkovich tip:

APROJ = 0.929AABAQUS (3.8)

where APROJ is the projected contact area and AABAQUS is the contact area ex-
tracted from Abaqus. Figure 3.16 shows the ratio of the contact areas extracted
from the finite element models (AFEA) to those determined by the Oliver and Pharr
method (AOP ), plotted against different values of r for the 3D models with a dense
array of surrounding fibres. For the higher values of r the contact areas are within
10% of each other showing that the Oliver and Pharr approximation is reasonably
accurate in determining the true correct contact area for the unconstrained 6376
material. However for lower values of r, the contact area determined from the finite
element models becomes increasingly larger than those determined from the Oliver
and Pharr method. This is due to the fibre constraint effect and becomes prevalent
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Figure 3.15: Load displacement curves for 3D model with fibres for the uncon-
strained case and for r = 10 µm

at similar values of r to the increased modulus values shown in Figure 3.12 (r <
20 µm). The surrounding fibres cause the indented matrix to pile-up around the
indenter to a larger degree than that predicted by the Oliver and Pharr theory,
which increases the contact area, and causes error in the results. This behaviour is
analogous to the pile-up error which is observed during the indentation of soft thin
films on hard substrates (Zhou et al., 2008). The values of indentation modulus
determined using the true projected contact area extracted directly from the finite
element models are plotted in Fig. 3.17, where it can be seen that while the effect of
the sub-surface fibre constraint is still prevalent, the relative increase in the modulus
property is much less than that determined using the theoretically deduced contact
areas of Fig. 3.12.

The results presented highlight the inherent difficulty in quantitatively char-
acterising the in situ matrix material of fibrous composites due to the effects of the
fibre constraint. It has been previously shown that these effects hinder the ability
of the nanoindentation technique to accurately characterise the ‘interphase’ regions
surrounding the fibre matrix interface (Lee et al., 2007; Gao and Mäder, 2002). An
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Figure 3.16: Ratio of contact area extracted from the finite element models (AFEA)
to contact area calculated from Oliver and Pharr method (AOP ), plotted against
different values of r

interesting comparison can be made between the magnitude of the property increase
determined from the finite element models and those reported from previous exper-
imental characterisations. It is clear from the data presented in Fig. 3.12 that the
fibre constraint effect leads to a less than two-fold increase in the value of the prop-
erty, even for the most severe case of 2D indentations constrained by an adjacent
rigid boundary. Therefore, experimental measurements of property variations in the
interphase region which are several times larger than the properties of the matrix
material (Kim et al., 2001) cannot be fully attributed to the fibre constraint effect
based on the results of the finite element analysis presented in this work. Accurate
three-dimensional finite element modelling with combined experimentation could
potentially be used to deconvolute the effects of the fibre constraint from the true
property change of the matrix material in cases where the effects of the constraining
fibre boundary are unavoidable due to experimental limitations.
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Figure 3.17: Ratio of Young’s Modulus to unconstrained Young’s modulus plotted
against r for all four model-types where the contact area was extracted directly from
the models

3.4 Concluding remarks

The effect of surrounding fibre constraint on the nanoindentation response
of the matrix constituent of a fibrous composite has been characterised using both
simplified 2D and realistic 3D finite element models of the indentation process.
The results demonstrate that care should be taken when determining a suitable
nanoindentation site when attempting to determine the in situ properties of the
matrix region. The 2D conical and 3D Berkovich indenter geometries produced
very similar axisymmetric stress fields, with the 2D field being slightly larger. This
lead to a slight overestimation of the fibre constraint effect when this simplifying
assumption was employed. Simplifying the analysis by assuming the fibre constraint
can be modelled as a rigid boundary leads to a very conservative overestimation of
the fibre constraining effect, and so should be avoided in future studies.

The 3D embedded cell models, with included discrete fibre sections, highlight
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the stress transfer which across the fibre-matrix interfaces during the indentation
of the matrix pocket. This occurs even in relatively large resin pockets where, in
an experimental scenario, it would likely be assumed than the indentation is free
from the constraint of the surrounding fibres. The effect of surrounding fibres also
leads to an increase in the projected contact area for the indentations as the size
of the matrix pockets became smaller. This effect is not accounted for by the
nanoindentation analysis techniques and contributes significantly to the artificial
increase in the measured indentation modulus. The finite element methodology
described in this work could be applied to any fibre–matrix material system to
determine the composite microstructure’s susceptibility to this phenomenon and
the size of the matrix pocket necessary in order to carry out a valid unconstrained
nanoindentation of the resin material.
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4 The Effect of Microscale Residual Stress on in
situ Matrix Characterisation

4.1 Introduction

In recent years the nanoindentation technique has seen increasing use in the
characterisation of composite materials and their constituents (Gibson, 2014). This
research has been mainly focused on the characterisation of two regions within the
microstructure, namely, the matrix constituent regions (Gregory and Spearing, 2005;
Canal et al., 2012; Rodríguez et al., 2006) and the “interphase” region which lies
adjacent to the fibre-matrix interface (Kim and Hodzic, 2003; Gao and Mäder, 2002;
Khanna et al., 2003a; Hodzic et al., 2004; Yedla et al., 2008). Indentations carried
out into the in situ matrix material have shown an apparent increase in hardness
and modulus compared to the material properties in bulk form (Gregory and Spear-
ing, 2005). Meanwhile the measured properties of the interphase region have been
found to be both softer than the matrix constituent in some cases, and harder in
other cases, depending on the material system being investigated and the adhesion-
promoting fibre surface treatments used (Kim and Hodzic, 2003). While these ap-
parent microstructural property changes have generally been attributed to chemical
interactions between constituents and fibre treatments, or altering curing conditions
due to the surrounding microstructure (Gao and Mäder, 2002; Yedla et al., 2008),
it has also been proposed that thermal and/or chemical residual stress could also
contribute to the variation of measured properties (Kim and Hodzic, 2003).

Several micromechanical models of fibrous composite materials have shown
the significance of the residual stress states generated in the material microstructure
following material processing (Vaughan and McCarthy, 2011a; Zhao et al., 2006).
This residual stress develops in the material microstructure as a result of the mis-
match in thermal expansion coefficients between the fibre and matrix phases, and
varies spatially throughout the microstructure (Hojo et al., 2009). In general it
has been shown that a combination of compressive and shear stress can develop
close to the fibre-matrix interface, whose magnitude depends upon proximity of
neighbouring fibres, while further away from fibre-matrix interfaces, e.g. in matrix
pockets, tensile stress dominates (Asp et al., 1996; Zhao et al., 2006; Vaughan and
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McCarthy, 2011b). Interestingly, a number of experimental and numerical studies
have indicated that the magnitude of the stress can sometimes be large enough to
cause post-cure microscale damage initiation in the material, prior to any mech-
anical loading (Yang et al., 2013). While the effects of this residual stress on the
mechanical performance of composite material has been characterised previously
(Asp et al., 1996; Zhao et al., 2006; Yang et al., 2013), their effect on constituent
material properties measured using nanoindentation in fibrous composites has yet
to be investigated, and so forms the main topic of investigation herein.

Contact finite element models of the nanoindentation process have provided
insight into the various mechanisms related to the nanoindentation technique and
analysis of data (Bhattacharya and Nix, 1988; Lichinchi et al., 1998; Knapp et al.,
1997; Khan et al., 2011; Xu and Li, 2005). The effect of pre-existing residual stress
in a nanoindentation substrate has also been an area of interest for many research-
ers. The sensitivity of nanoindentation properties to the magnitude and nature of
such residual stress has previously been successfully investigated through the use
nanoindentation experiments and modelling on aerospace aluminium alloys (Khan
et al., 2011; Bolshakov et al., 1996), steel (Breuils et al., 2011) and thin-film mater-
ials (Chuang et al., 2008; Huang et al., 2009; Bai et al., 2000; Wei and Yang, 2011;
Ling et al., 2010). In these material systems, the material properties measured
using nanoindentation technique are dependent on the residual stress-state, with
compressive stress generally leading to an increase in the calculated properties, and
a decrease in properties observed for cases where tensile residual stress was present.
However, the degree to which the constituent material properties of long-fibre re-
inforced composite materials, measured through nanoindentation, are affected has
not yet been investigated.

In this chapter, a combined micromechanical and contact finite element mod-
elling approach has been used to characterise the effect of microscale residual stress
on the nanoindentation of a fibrous composite microstructure. Section 4.2 provides
a detailed description of the finite element modelling strategy and construction.
The results from the finite element models are presented and discussed in detail in
Section 4.3. Finally, Section 4.4 summarises the main findings from the numerical
investigation as well as providing some concluding remarks.
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4.2 Model development

4.2.1 Modelling strategy

An overview of the modelling strategy employed in this investigation is il-
lustrated in Fig. 4.1, which consists of two stages of modelling. Firstly, plane
strain micromechanical modelling was implemented to determine the state of resid-
ual stress in the HTA/6376 composite microstructure following thermal cooldown
from the cure temperature (448 K) to room temperature (298 K). Additional re-
sidual stress induced due to matrix chemical shrinkage and through the process of
specimen planing have not been considered in this analysis. To determine the effect
of the microstructural residual stress states on the nanoindentation of the 6376 mat-
rix material, the in-plane stress state at the regions of interest to nanoindentation
studies have been extracted from the micromechanical plane strain models. In order
to isolate the effects of these residual stress states, free from any boundary or fibre
constraint effects (Chapter 3), these stress states were then applied to a separate
three-dimensional substrate material. A finite element simulation of the indentation
process was then carried out to predict the indentation response of the pre-stressed
6376 matrix material. The load-displacement history of the rigid indenter tip was
recorded throughout the loading and unloading steps. This data was then exported
and analysed using the nanoindentation theory to determine the effect of the various
microstructural residual stress states in the regions of interest on the parameters and
properties determined from nanoindentation tests.

4.2.2 Thermal cooldown models

The two main fibrous composite microstructural regions of interest to nanoin-
dentation studies are the large matrix pockets and the interfacial matrix regions
adjacent to the fibre-matrix interface. Separate model geometries have been devised
for each of these regions in order to investigate the nature and magnitudes of the
residual stress which exist in these regions in a parametric manner. The fibre and
matrix regions were meshed using a quad dominated mesh which consisted of mostly
four-noded (CPEG4) elements with a smaller number of three-noded (CPEG3) plane
strain elements also included.
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Figure 4.1: Finite element modelling strategy

The plane strain modelling approach was used to determine the residual
stress state in the large open regions of matrix following thermal cooldown of the
HTA/6376 composite. The modelling approach was designed to determine the re-
sidual stress state which exists in matrix pocket regions which were surrounded by
a circular array of fibres, with an internal radius of R, following thermal cooldown.
The models were built in accordance with the schematic shown in Fig. 4.2. The
diameter of the HTA fibres was 6.6 µm and the inter-fibre spacing was between
0.4-0.6 µm based on the average results determined from a previous study which
characterised the HTA/6376 composite microstructure (Vaughan and McCarthy,
2010). An embedded cell approach was used, where the homogenised HTA/6376
composite properties have been assigned to the material beyond the fibres. Sym-
metric boundary conditions were applied to the left and bottom sides of the models
(as highlighted in Fig. 4.2), while the total size of the model was set to 300×300 µm.
The radius of the matrix pocket (R) was varied over a range from 3.86 µm to 23.9
µm based on the range of matrix pocket sizes observed through microscopy studies
of the HTA/6376 microstructure, which is examined in more detail in Chapter 5. A
detailed example of the mesh used for the model with a matrix pocket radius of 15
µm is also shown in Fig. 4.2.

To investigate the nature and magnitude of the residual stress in the inter-
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Figure 4.2: Schematic and mesh of plane-strain thermal cooldown finite element
model for a matrix pocket of 15 µm radius

facial regions post-cure, a single fibre periodic square unit cell has been used. A
schematic of its Representative Volume Element (RVE) is shown in Fig. 4.3. Peri-
odic boundary conditions, similar to those described by van der Sluis et al. (2000),
were applied to the RVE to ensure a macroscopically uniform stress/displacement
field existed across the boundaries of the RVE. These consist of a series of tie con-
straints which require corresponding nodes on each opposing face of the RVE to un-
dergo identical displacements. The periodic boundary conditions can be expressed
in terms of the nodal displacement vector, u, such that

uNorth − un4 = uSouth (4.1)

uEast − un2 = uWest (4.2)

where the subscripts North, South, East and West correspond to nodes situated on
each edge of the RVE and subscripts, n2 and n4 correspond to the control nodes
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which are located at each corner of the RVE, as shown in Fig. 4.3. Again, the fibre
has been assigned a constant diameter of 6.6 µm, while the total square size of the
RVE was varied to examine the effect of different fibre spacing (Sp) on the interfacial
region matrix stress state. The inter-fibre spacings were varied over a range of 0.25
to 50 µm. The finite element mesh for the model with the inter-fibre spacing of 5 µm
is shown in Fig. 4.3. In order to determine whether fibre-matrix interface damage
occurred as a result of the thermal residual stress, the fibre-matrix interface has been
modelled using cohesive elements available in ABAQUS (ABAQUS-Inc., 2013). A
linear-elastic traction-separation law has been used with a very high initial stiffness
(105 GPa/m), in order to ensure displacement continuity prior to any damage at
the interface. The normal and shear strengths of the elements were set to 60 MPa,
while the total fracture value in each of the fracture directions was assumed to be
10 J/m2 (Vaughan and McCarthy, 2011a,b).

North

South

EastWest

Matrix

n
4

n
2

Sp

2

Sp

2

Fibre

Figure 4.3: Single fibre unit cell with periodic boundary conditions and example
mesh for inter-fibre spacing (Sp) of 5 µm

4.2.3 3D indentation models

To determine the effect the microstructural residual stress states on the
nanoindentation of the 6376 matrix material, the in-plane stress state at regions
of interest to nanoindentation studies have been extracted from the plane strain
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models. These stress states were then applied to a three-dimensional substrate
material and a finite element simulation of the indentation process carried out to
predict the indentation response of the pre-stressed 6376 matrix material. The use
of full 3D modelling allows the effects of both equibiaxial and non-equibiaxial stress
states to be determined (Breuils et al., 2011). The bulk 6376 epoxy has been mod-
elled as a 400×400×200 µm 3D deformable solid in order to ensure that far-field
boundary effects on the indentation were negligible. A single plane of symmetry has
been applied to the mid-plane of the nanoindentation substrate under the point of
the Berkovich indentation, as shown in Fig. 4.4. The substrate part was meshed
with a combination of linear hexahedral elements (C3D8) and linear wedge elements
(C3D6) available in Abaqus. A refined mesh was used in the central region at the
indentation site, as large local strain gradients were expected in this region. The
mesh gradually became coarser further afield from this region. Prior to the indent-
ation step, the substrate geometry was pre-stressed in a separate step through the
use of a biaxial combination of tensile or compressive surface displacement boundary
conditions on the outer faces of the substrate geometry, as highlighted in Fig. 4.4.
The basic constitutive equations of linear elasticity were used in combination with
the elastic properties of the 6376 matrix material, in order to determine the biaxial
combination of outer surface displacement boundary conditions required to produce
the required residual stress state.

The Berkovich indenter tip has been modelled as a 3D discrete rigid solid.
The indenter part was meshed using a combination of 3D rigid four-node (R3D4) and
three-node (R3D3) elements. Details of the finite element model’s indentation site
are also shown insert to Fig. 4.4, where it was ensured that the tip of the indenter
remained coincident with the midpoint of the substrate’s upper surface prior to
indentation. The load-displacement data for frictionless indentations was compared
with data where the coefficient of friction varied between 0 and 0.9. The hardness
and modulus were found to vary by a maximum of 1.3% when comparing the models
with friction with the frictionless models for all residual stress cases. Therefore an
assumption of frictionless contact was deemed valid, and results from frictionless
models are presented herein. After the application of the substrate displacements,
the indenter was then pushed into the substrate to a maximum depth of 1 µm and
then withdrawn back to its original position. This indentation depth was chosen for
convenience and the results are representative of an indentation of any depth given
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Figure 4.4: 3D finite element indentation model showing detail of the indentation site
and the boundary conditions used to apply a biaxial stress state prior to indentation

that the substrate material is large enough to prevent any boundary effects on the
indentation response.

4.2.4 Material behaviour

The matrix and fibre constituents and homogenised composite regions were
modelled using the elastic properties in Table 4.1. The HTA fibres and composite
regions were assumed to exhibit transversely isotropic linear elastic behaviour. The
6376 epoxy resin was assumed to exhibit isotropic linear elastic behaviour while
its non-linear plastic behaviour was modelled using the pressure-sensitive Mohr-
Coulomb yield criterion, as described previously in Chapter 3. The friction angle
(φ) and cohesion stress (τc) were assigned the predetermined values of 26° and 82
MPa, respectively. In order to determine the residual stress state following thermal
cooldown from cure temperature, the constituents were assigned the thermal expan-
sion coefficients (α) listed in Table 4.1.
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Table 4.1: Constituent and composite material elastic and thermal properties
(Vaughan and McCarthy, 2011a; O’Higgins et al., 2008; Telford et al., 2014)

Fibre (HTA) Matrix (6376) Composite (HTA/6376)
E11(GPa) 238 3.63 139

E22/E33(GPa) 28 3.63 10
υ12 0.25 0.34 0.32
υ23 0.33 0.34 0.5
υ31 0.02 0.34 0.32

G12/G31 (GPa) 24 1.34 5.2
G23 (GPa) 7.2 54×10−6 3.6
α11(K−1) −0.1×10−6 54×10−6 −0.1×10−6

α22/α33(K−1) 10×10−6 54×10−6 28.6×10−6

4.3 Results and discussion

4.3.1 Matrix pocket region

The distributions of the maximum and minimum principle stresses for the
6376 matrix pocket of 5.97 µm radius are shown in Fig. 4.5a and Fig. 4.5b, respect-
ively. A relatively homogeneous stress state was observed across the vast majority
of the matrix pocket except in the regions very close to the fibre matrix interface.
The homogeneous region is highlighted by the hatched central regions in Fig. 4.5.
Based on the results of the fibre constraint investigation in Chapter 3, the projected
contact area of an unconstrained Berkovich indentation has been superimposed onto
Fig. 4.5. This shows that the indentation was carried out entirely into this region of
homogeneous stress-state and any influence from the stress gradients closer to the
fibre matrix interfaces is assumed to be negligible. Similar stress states were ob-
served for all the different values of R investigated. The in-plane principal stresses
within the homogeneous stress regions were found to be in a state of equibiaxial
tension for the full range of matrix pocket sizes investigated. The values of the
equibiaxial principle stresses for the pockets are plotted against the size of the mat-
rix pocket in Fig. 4.6. It can be seen that the magnitude of equibiaxial tensile
stress decreases almost linearly with increase in matrix pocket size. Interestingly,
despite this trend and the wide range of matrix pocket sizes investigated, the mag-
nitude of the equibiaxial stress only varies between 19.9 and 26.2 MPa for the largest
and smallest pocket radii respectively. None of the stress states determined for the
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investigated range of matrix pocket sizes caused plastic deformation in the 6376
matrix material according to the Mohr-Coulomb yield criterion.

p p

Figure 4.5: (a) Maximum and (b) Minimum in-plane principle stress state following
thermal cooldown for the 6376 matrix pocket with a radius of 5.97 μm

The stress state under the indenter tip at maximum indentation displacement
is shown in Fig. 4.7 for the model containing the pre-applied stress state corres-
ponding to a matrix pocket of 8.5 µm radius. Both the localised indentation stress
and homogeneous region of residual stress that exists throughout the rest of the
substrate are shown. The simulated load-displacement curves for some of the resid-
ual stress states considered are shown in Fig. 4.8 and compared with the simulated
load-displacement curve for the case with no residual stress applied. The residual
stress has a noticeable effect on the load-displacement data, most markedly, the
load required to reach the constant 1 µm indentation depth reduces with decreas-
ing pocket size due to the larger residual stress present. The effect of the residual
stress states from each pocket size on the nanoindentation parameters (Pmax, A and
S) and calculated properties (H and E) is shown in Fig. 4.9, where the values
have been normalised against those from the non-prestressed substrate indentation.
The hardness (H) property is influenced to a much greater degree than the indent-
ation modulus (E) property, decreasing by up to 11.9%, in comparison with the
non-prestressed substrate. This decrease in hardness is due to the decrease in in-
dentation load required to reach the maximum displacement and the increase of
7.3% in the estimated contact area according to Fig. 4.9. Another interesting find-
ing is that the value of the in situ hardness changes by only 3.4% across the full
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Figure 4.6: Equibiaxial stress versus size of matrix pocket

range of in situ matrix pocket sizes. This indicates that while the residual stress
is clearly an important factor when comparing the response of bulk material with
in situ material, the effect is much less substantial when comparing the response of
just the in situ pockets across a wide range of sizes.

Previous finite element investigations have shown that the presence of residual
stress in a substrate can lead to errors when determining the true projected contact
area using the Oliver and Pharr methods of analysis due to the effects of material
pile-up or excessive sink-in behaviour (Bolshakov et al., 1996). For comparison, the
true projected contact areas have also been extracted directly from the 3D finite
element models and the values of indentation hardness and modulus recalculated
using these directly determined areas. These values were then normalised by their
respective values from the non-prestressed substrate indentation, and plotted in Fig.
4.9. These projected contact areas are still up to 4.5% greater than those extracted
from the stress-free model resulting in calculated values of hardness which are up
to 9.5% smaller than that of the initially stress-free substrate. This indicates that
the stress state has a greater influence on the areas calculated using the Oliver
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Figure 4.7: Stress state under indenter at maximum indentation depth for 8.5 µm
matrix pocket residual stress state model

and Pharr method, while also having a substantial effect on the actual contact
areas extracted directly from the finite element analysis. Thus, the change in the
measured properties, plotted in Fig. 4.9, is not solely due to pile-up or excessive sink-
in inducing error in the Oliver and Pharr area prediction. The values for indentation
modulus do not deviate by more than 1.2% from that of the stress-free value, and
therefore shown to be insensitive to the equibiaxial tensile stress state which is
present in the matrix pockets.

4.3.2 Interfacial region

The stress state that exists in the single-fibre periodic unit cell model with an
inter-fibre spacing of 2 µm following thermal cooldown is shown in Fig. 4.10. It is
clear that the stress state of the matrix material close to the fibre-matrix interface
varies greatly around the circumference of the fibre and is highly dependent on the
vicinity of the surrounding fibres. The residual stresses in the first element of matrix
material adjacent to the fibre-matrix interface have been resolved in the radial and
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Figure 4.8: Load versus displacement data extracted from the finite element simu-
lations for various pocket residual stress states

tangential directions relative to the centre of the fibre. The variation of both the
radial and tangential residual stresses for the case where the inter-fibre spacing was
0.25 µm is shown in Fig. 4.11. The stresses in each direction have been plotted
separately on a polar plot. The circumference of the central fibre represents the axis
of zero stress, with positive (tensile) stresses protruding out of the fibre and negative
(compressive) stresses plotted inside the fibre’s dashed boundary.
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Figure 4.9: Normalised indentation parameters plotted versus matrix pocket size
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Figure 4.10: Stress state following thermal cooldown for periodic unit cell with
inter-fibre spacing of 2 µm

The evolution of radial and tangential stresses with increasing inter-fibre spa-
cing is shown in Fig. 4.12, where a large variation in the nature and magnitude
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Figure 4.11: The variation of radial and tangential interfacial region stresses for an
inter-fibre spacing of 0.25 µm

of the stress around the circumference of the fibre is evident for small inter-fibre
spacings. This variability of stress around the fibre circumference decreases as this
spacing increases, eventually converging to constant compressive radial and tensile
tangential stress states of similar magnitude as the inter-fibre spacing increases. For
the initial small inter-fibre spacings, the plotted stress states form a quatrefoil shape
(Fig. 4.12a and 4.12b), where the lowest values of radial and tangential stress are
located at the point of minimal inter-fibre spacing, while the peak tensile stress
is located at 45° to the axis joining the fibre centres, adjacent to the surrounding
matrix rich regions. These points on the fibre have been marked as points A and
B on Fig. 4.11. At the points A and B, the direction of the radial and tangential
stresses correspond to the in-plane principal stress directions, and thus, these two
points were used as the main points of interest for the interfacial region residual
stress investigation.

The values of the radial and tangential residual stresses for points A and B
are plotted in Fig. 4.13 for the range of inter-fibre spacings (Sp) investigated. The
residual stress at the point A is a combination of compressive radial and tensile
tangential stress over the full range of inter-fibre spacings. The radial stress at the
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Figure 4.12: The evolution of radial and tangential stresses with increasing inter-
fibre spacing

point B undergoes considerable change as the inter-fibre spacing increases, changing
from a tensile (20 MPa) to a compressive (-21.3 MPa) state over the range of spacings
investigated. The tangential stress at point B remains tensile throughout, with
a reasonably linear decrease in tensile stress magnitude as the inter-fibre spacing
increases. None of the examined stress states described in this section caused plastic
deformation in the matrix material according to the Mohr-Coulomb yield criterion,
or fibre-matrix interface damage in the cohesive elements.

The various interfacial region stress states determined from the cooldown
models for the regions of interest A and B were applied to the bulk nanoindentation
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Figure 4.13: Radial and tangential residual stress values for points A and B for the
range of investigated inter-fibre spacings

substrate through a combination of tensile and/or compressive outer boundary sub-
strate displacements. The radial stresses were applied perpendicular to the plane of
symmetry while the tangential stresses were applied parallel to this plane as high-
lighted by the coordinate system in Fig. 4.4. The calculated indentation properties
were found to be largely insensitive to the Berkovich tip orientation relative to the
radial and tangential directions, with hardness and modulus varying by a maximum
of 2% and 1.5%, respectively, across the full range of stress states investigated when
the indenter orientation was rotated by 90 degrees. This is likely due to the axisym-
metric stress field produced in the substrate during the Berkovich indentation.

The nanoindentation load-displacement curves predicted for a selection of
the residual stress states are shown in Fig. 4.14a and Fig. 4.14b for the points
of interest A and B respectively. The load-displacement data for the stress states
at point A does not deviate largely from the load-displacement data for the non
pre-stressed substrate. The data lacked any distinctive trends in relation to the
inter-fibre spacing. However, it is noticeable that the peak load for the 0.25 µm
spacing stress state was larger than the peak load for the unstressed substrate. The
deviation of the load-displacement data from that of the stress-free substrate is more
apparent for the stress states determined at point B. There is also a clear trend in
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this data, manifesting as a positive shift along the displacement axis that increases
as the inter-fibre spacing decreases. This results in an observed decrease of peak
load and increase of final plastic indentation depth as the inter-fibre spacings become
smaller.
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Figure 4.14: Load-displacement data for a number residual stress states determined
at (a) Point A and (b) Point B

The effect of the residual stress states determined at point A on nanoindent-
ation parameters is shown in Fig. 4.15a. The substantial change in stress state at
point A over the range of inter-fibre spacings from 0.25-3 µm leads to a substan-
tial shift in the normalised indentation parameters over the same range of spacings.
For the smaller inter-fibre spacings, the compressive radial stress was the dominant
component of the in-plane stress state. This results in an increase in normalised
hardness by up to 4.9% for an inter-fibre spacing of 0.25 µm. This due to the in-
crease in peak load required to reach the constant indentation depth, seen in Fig.
4.14a, and a decrease in the normalised contact areas for the small inter-fibre spa-
cings. As the inter-fibre spacing increases, these trends in peak load and area begin
to reverse, leading to a reduction in the normalised hardness values. This change in
the normalised parameters is as a result of the large decrease in magnitude of the
radial compressive stress magnitude at point A as the inter-fibre spacing increases,
reducing the overall constraint on the indentation stress field. For inter-fibre spa-
cings greater than 3.1 µm, the normalised indentation parameters begin to approach
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the values of the non-prestressed model, and eventually converge to final values as
the effect of surrounding fibre microstructure becomes negligible.
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Figure 4.15: Normalised indentation parameters plotted versus inter-fibre spacing
for (a) point A and (b) point B

The normalised nanoindentation parameters for the stress states at point B
are plotted in Fig. 4.15b. For the very small values of inter-fibre spacing (< 2
µm), the radial and tangential stresses at the point B are in biaxial tension. The
largest deviation of the normalised nanoindentation parameters is also shown to
occur over this range of inter-fibre spacings in Fig. 4.15b. As the inter-fibre spacing
increases, the radial stress at the point B becomes compressive and the values of
the normalised nanoindentation parameters begin to converge to the same values as
those determined at point A for large inter-fibre spacings.

The results for the points A and B indicate that the effect of the residual
stress is minimised for the cases when the radial and tangential stresses are roughly
equal and opposite in magnitude, for example, at the point of interest A with an
inter-fibre spacing of approximately 1 µm, and for the homogenised stress state at
large inter-fibre spacings. It is also interesting that the variation of the normalised
nanoindentation parameters was much larger for the stress states at the point B than
for those determined at the point A. This is due to the combination of compressive
radial and tensile tangential stresses found at the point A over the full range of
inter-fibre spacings. This is an important finding, as the point B is adjacent to a

89



4 THE EFFECT OF MICROSCALE RESIDUAL STRESS ON IN SITU
MATRIX CHARACTERISATION

matrix-rich region, and therefore would likely be an advantageous region for carrying
out experimental grid indentations travelling from one constituent to the other.
However, despite these trends in the hardness property, the normalised indentation
modulus values were largely insensitive to the interfacial stress states, only deviating
by 2.2% and 1.1% from those of the non-prestressed substrate for points A and B
respectively.

The plastic strain fields below the indenter tip for the pre-stressed substrates
corresponding to an inter-fibre spacing of 0.25 µm are shown in Fig. 4.16 for the
points A and B. These have then been compared with the plastic strain field for
the non-prestressed substrate. It can be clearly seen that the large in-plane radial
compressive stress at point A for this inter-fibre spacing has a noteworthy effect on
the size of the plastic strain field below the indenter tip at the maximum indent-
ation depth. This compression increases the constraint effect of the surrounding
material on the indentation stress field and reduces the overall volume of plastically
deformed material in the substrate substantially. This sub-surface constraint dir-
ectly increases the material’s resistance to permanent plastic deformation and is the
underlying mechanism responsible for the apparent increase in indentation hardness
values shown in Fig. 4.15a for very small inter-fibre spacings at point A. Conversely,
the biaxial tensile stress state at point B reduces the bulk matrix constraint on the
indentation stress field, allowing a greater volume of plastic flow in the material as
shown in Fig. 4.16 at the maximum indentation depth.

1% Equivalent Plastic Strain (PEEQ)

No Residual Stress

Point A - 0.25 µm spacing 

Point B - 0.25 µm spacing 

Indenter Tip

6376 Substrate

Figure 4.16: The 1% equivalent plastic strain (PEEQ) boundary for the non-
prestressed substrate and the stress states at point A and point B for 0.25 µm
inter-fibre spacing
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4.4 Concluding remarks

The effect of the residual stress states that exist in the HTA/6376 carbon-fibre
composite microstructure following cure on nanoindentation testing of the matrix
constituent has been fully characterised using a finite element approach. An im-
portant comparison can be made between the trends determined in this numerical
analysis and those previously reported from experimental observations. The results
indicate an apparent decrease in hardness of the matrix pockets with the existence
of residual stress due to the presence of equibiaxial tension following thermal cool-
down. Previous experimental work carried out by Gregory and Spearing (2005)
has reported an increase in the in situ hardness of the matrix in comparison with
the bulk matrix material which is inverse to the trend reported in this numerical
analysis. Thus, this experimentally reported change in in situ material behaviour
cannot be attributed to the existence of residual stress in the in situ matrix material.
While this reduction in hardness was somewhat expected due to the tensile nature
of the residual stress in these regions, the quantitative reduction of the property
is of interest. The existence of residual stress in these regions could in fact lead
to underestimation of the true variation due to factors such as changes to the in
situ polymer matrix cross-linking process during curing, and interfacial reactions
with fibre treatments. This underestimation is more likely to occur when comparing
bulk and in situ material, as opposed to comparing different in situ microstructural
regions.

The effect of residual stress in the interfacial region on measured nanoindent-
ation parameters is more complex due to the varying stress states that exist in these
regions post-cure. The effect of these stress states on the nanoindentation paramet-
ers has been shown to be highly dependent on the position of the indentation around
the circumference relative to the surrounding microstructural topology. For the vast
majority of interfacial region stress states considered in this analysis, the hardness
decreased as a result of the residual stress. The only cases that lead to an increase in
indentation hardness was at the point of interest A for very small inter-fibre spacings
(≤ 0.5 µm). As this point of interest is located between fibres at the point of minimal
inter-fibre spacings, it is highly unlikely that these regions would be considered suit-
able for experimental grid indentations due to other experimental problems such as
fibre-matrix relief (Khanna et al., 2003b) and the sub-surface fibre constraint effects
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investigated in Chapter 3. Importantly, the results show that the potential for the
large compressive residual stresses present at the fibre-matrix interface to increase
the indentation properties is nullified by perpendicularly acting tensile stresses in
these regions. Thus, similar to the matrix pocket results, there is a potential for
hardness of the interfacial regions (or ‘interphase’ material) to be underestimated
due to dominant tensile stress which exists in the majority of experimentally suitable
interfacial regions. These underestimations of the hardness property occur whether
the contact area is inferred using the Oliver and Pharr analysis, or directly from the
simulation’s contact.

While the trends for the hardness property show it to be sensitive to the exist-
ence of residual stress in the substrate, as highlighted by the observed change in sub-
surface plastic strain fields, it was found that the indentation modulus was largely
insensitive to the state of residual stress in the substrate. This property only varied
by a maximum of 2.2% for the stress states investigated. Therefore, the indentation
modulus is the recommended indentation property to be determined when carrying
out a comparative parametric analysis between microstructural regions which are
affected by the existence of thermal residual stress. The use of the hardness prop-
erty for comparative investigations of this nature may add some unnecessary bias or
variation to the already problematic scatter associated with experimental nanoin-
dentation. The methodology outlined in this chapter could be used to characterise
residual stress effects of other composite materials, and identify the microstructural
regions where the effects are negated and allow the true stress-independent con-
stituent properties to be determined using the standard nanoindentation testing
protocols.
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5 Experimental Nanoindentation of Fibrous Com-
posite Microstructures

5.1 Introduction

In order to predict microscopic damage accumulation and its effect on the
macroscopic structure, multiscale modelling approaches have emerged that enable
detailed predictions of local deformation mechanisms in fibrous composite materi-
als. Such studies have shown that the load-bearing capacity and failure behaviour
of fibrous composite materials are governed by the local microstructure and in situ
constituent material properties (Vaughan and McCarthy, 2011a,b; Totry et al., 2008;
Llorca et al., 2011). While such models have provided insight into the role of the
material microstructure on physical properties at higher length scales, the vast ma-
jority have assumed that the behaviour of individual constituents are equivalent
to those in bulk form. However, the high-temperature curing process associated
with composite manufacture leads to intensive thermal, mechanical and chemical
processes taking place during the consolidation of the constituent phases. This
could lead to significant variations in the mechanical properties in the small matrix
pockets of high volume fraction composite materials, and close to fibre-matrix in-
terfaces (Gregory and Spearing, 2005; Gao and Mäder, 2002). Nanoindentation is
an extremely useful technique for determining the hardness and Young’s modulus
of extremely small localised regions and is ideally suited for the determination of
the in situ mechanical properties of fibrous composites. It has been shown that the
characterisation of in situ composite matrix material is not trivial due to the effect
of the surrounding fibre constraint, which was examined in Chapter 3. While the
effects of fibre constraint may be avoided in experiments by using shallow indent-
ation depths in the order of tens of nanometres (Lee et al., 2007; Hodzic et al.,
2000), evaluating mechanical properties at such a small length scale presents its
own difficulties, as results are highly sensitive to factors such as tip blunting, sur-
face roughness and size-scale effects (Tranchida et al., 2007; Tatiraju et al., 2008;
Tho et al., 2006; Voyiadjis and Peters, 2010; Han, 2010). It has proved difficult
to find the correct balance between these potential sources of error when carrying
out indentations on the matrix constituent of fibrous composites. It is possible that
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large differences could exist between the in situ and bulk properties within highly
confined matrix regions, but characterising such effects to determine local material
properties requires that mechanical constraint be effectively decoupled from the in-
dentation response. Recent advances in experimental techniques and more precise
characterisation of material responses at shallow penetration depths, in combina-
tion with FE models of the indentation process provide a framework to accurately
characterise the in situ mechanical properties of high volume fraction composites.

In this chapter, an experimental investigation of the microscale properties of
the HTA/6376 composite material is carried out using the nanoindentation tech-
nique. A unique specimen preparation procedure which facilitates micromechanical
characterisation using the nanoindentation technique has been developed and is de-
scribed. The resulting microstructure has been analysed using optical and scanning
probe microscopy to determine the suitability of the samples for indentation studies.
Express test property mapping was used to determine a general overview of the mi-
croscale properties of the composite material. The continuous stiffness measurement
(CSM) technique was then used to indent a large number of in situ resin pockets
over a wide range of pocket sizes. This allowed the effect of the neighbouring fibre
constraint on the nanoindentation experiments to be characterised experimentally
and the results are compared with those from the previous finite element investiga-
tion of Chapter 3. Once this effect has been characterised, the unconstrained in situ
matrix properties are compared with the properties determined from nanoindenta-
tion tests carried out on the bulk resin. The influence of resin pocket size of the in
situ indentation modulus has also been investigated.

5.2 Sample preparation

5.2.1 Lay-up and curing process

The HTA/6376 composite material was manufactured by laying up prepreg
material which was supplied on a roll from suppliers Hexcel. Each composite ply
was approximately 0.125 mm thick and all the composite plies were oriented uni-
directionally. The composite lay-up process was carried out in a dedicated clean
room in accordance with ASTM standard D5687 / D5687M - 95. In order to make
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comparisons between the bulk 6376 epoxy and the material in situ, bulk 6376 resin
was also supplied by the composite supplier Hexcel. The bulk uncured resin was
supplied on a roll in thin film form. The resin was coated onto backing paper at
nominally 72 g/m2, making the film approximately 0.05 mm in thickness. The ma-
terial was made bulk by cutting segments from the roll and laying up in the normal
manner associated with composite prepreg materials. For the nanoindentation tests,
a composite/epoxy ‘hybrid’ specimen was cured by consolidating the bulk 6376 resin
material on top of a unidirectional composite HTA/6376 lay-up. Firstly, a unidirec-
tional HTA/6376 composite panel measuring 80 x 50 x 1 mm was laid up following
a [0]8 lay-up sequence. Roughly 2 mm of bulk uncured 6376 resin (i.e. 40 layers
of the supplied film) was then laid up on top of the composite lay-up as illustrated
in Figure 5.1. The resin was applied on top to allow easier degassing of the bulk
material to occur during curing.

6376
HTA/6376

P

2mm

1mm

Figure 5.1: Schematic of lay-up applied to create ‘hybrid’ samples

Adjustments had to be made to the bagging procedure such that resin did not
flow over the tool plate in the autoclave and to ensure that the air trapped in the
bulk resin region of the panels (due to the awkward process of laying up thin films
of material) was degassed from the samples during the curing cycle. A schematic of
the modified bagging arrangement is shown in Figure 5.2. The plaque was contained
within a released aluminium frame in order to prevent the resin flowing across the
tool while in its molten state. The inner dimensions of the frame were 80 x 50 x 3
mm. A layer of glass-fibre bleeder was inserted just above the resin plaque to give
air being degassed from the resin a path to the vacuum port while also stopping the
flow of resin over the top of the aluminium frame by absorbing a finite amount of
resin. Other attempts to simultaneously cure and degas the resin using regular and
vacuum ovens were tested, however these led to extremely porous cured bulk resin
regions.
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Sealant Tape SM5126

Vacuum Port

Vacuum Bag

Breather

Perforated Release Ply

Glass Fibre Bleeder

Closed Aluminium Frame

(released and sealed using tacky tape)
‘Hybrid’ Panel Tool Plate

Figure 5.2: Schematic of the bagging arrangement used to cure the hybrid panels in
the autoclave

The bagged up lay-ups were cured in an LBBC TC1000THPT Thermoclave
system, shown in Figure 5.3. The hybrid plaques were cured in the vacuum-assisted
process where the plaques were heated at 2 °C/min and consolidated for two hours
at 175 °C. The panels were then cooled down to room temperature at 2 °C/min.
A maximum pressure of 0.7 MPa was applied by the thermoclave for the duration
of curing, with pressure ramping rates of 0.1 kPa/min applied at the start and
end of the curing cycle. The autoclave method of simultaneous composite and
bulk matrix curing was deemed the most successful, with only a small number of
voids forming in the bulk matrix material due to trapped air during curing. The
voids accumulated near the top surface and could be easily removed during the
subsequent grinding and polishing processes. The autoclave process also allowed
greater control over the curing temperatures and pressures, while also insuring that
the curing process was identical for both the composite and the bulk matrix. This
facilitated the best experimental comparison between bulk and in situ properties.
Small pieces measuring roughly 15 x 10 x 3 mm were cut from the hybrid plaques
using a dedicated composite diamond coated cutting wheel. These small samples
were then mounted in 31.75 mm (1.25”) diameter clear epoxy cylinders with the fibre
direction facing toward the top face of the cylinder. An example of the mounted
specimen is shown in Figure 5.4. The cured bulk 6376 resin had an orange colour
as opposed to the black colour of the HTA/6376 composite.
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Figure 5.3: LBBC TC1000HTPT Thermoclave

6376

HTA/6376

Figure 5.4: Hybrid samples mounted in clear epoxy

5.2.2 Surface preparation

In order to obtain consistent reliable data from nanoindentation experiments,
the roughness of the substrate sample surface must be minimized at the scale at
which the measurements are taken. The general rule of thumb is that the surface
roughness should be no more than 5% of the depth at which results are required
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(Agilent, 2009). This is especially important for the characterisation of compos-
ite constituents as shallow indentations are often required in order to minimize the
effects of the neighbouring constituents. In order to reduce the surface roughness
of the specimens, grinding and polishing procedures were carried out on the spe-
cimens using the Buehler Phoenix 4000 sample preparation system shown in Fig.
5.5. As there is no standard procedure for the surface preparation of composite
specimens for nanoindentation experiments, the procedures devised were based on
the ASTM standard E3-11, which deals with the preparation of metallographic spe-
cimens (ASTM, 2011). All the necessary consumables for polishing were supplied
by Buehler.

Turntable

Sample Puck Holder

Figure 5.5: Buehler Phoenix 4000 sample preparation system

Initially, lower grit SiC paper was used in order to remove the layer of epoxy
between the sample and the platen, and to plane the cylindrical sample surface. This
is followed by further grinding stages with incrementally finer grades of SiC paper.
Following the grinding stages, the specimens were polished using a combination of
diamond and alumina polishing suspensions on a cloth surface. The effect of two
surface preparation procedures are outlined below. The first surface preparation
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procedure (A) is outlined in Table 5.1. This procedure utilised high individual spe-
cimen loads with diamond suspensions, and was previously used to prepare samples
of the HTA/6376 composite for microscopy studies (Vaughan and McCarthy, 2010).
The second procedure (B) is outlined in Table 5.2. This procedure is notably less
aggressive than procedure A, where the specimen loads and platen rotational speeds
have been reduced, and the time on the aggressive SiC paper grinding stages has
also been limited to 45 seconds for each grinding stage. The Microcloth surface was
replaced by TexMet C cloth in an effort to reduce the difference in height (relief)
between the fibre and matrix constituents based on communications with consum-
able suppliers Buehler (Mike Keeble, 2013). The samples were quickly rinsed with
water between each grinding/polishing stage and lubricants and suspensions with a
neutral pH value were chosen in order to minimize any reaction between the polish-
ing agents and the constituent materials.

Table 5.1: Sample Preparation Procedure A

Surface Lubricant
Extender

Time
(min:sec)

Force per
Specimen

(lbs)

Speed
(RPM)

Relative
Motion

SiC - P240 Water Until
Plane

25 250 Contra

SiC - P600 Water 2:00 25 250 Contra
SiC - P1200 Water 2:00 25 200 Contra
Microcloth Diamond

Suspension 6
µm

5:00 25 200 Comp

Microcloth Diamond
Suspension 1

µm

5:00 20 200 Comp

Microcloth Alumina
Suspension
0.05 µm

02:00 15 150 Comp

5.2.3 Resulting microstructure

Both sample preparation methods produced very clear micrographs of the
composite microstructure. The microstructure of the hybrid samples near the com-
posite/epoxy interface is shown in Figure 5.6. Interestingly, there are now distinct
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Table 5.2: Sample Preparation Procedure B

Surface Lubricant
Extender

Time
(min:sec)

Force per
Specimen

(lbs)

Speed
(RPM)

Relative
Motion

SiC - P240 Water 0:45 5 200 Comp
SiC - P600 Water 0:45 5 200 Comp
SiC - P1200 Water 0:45 5 150 Comp
TexMet C Alumina

Suspension
0.3 µm

5:00 4 150 Contra

TexMet
C

Alumina
Suspension
0.05 µm

5:00 3 150 Contra

regions within the microstructure. At the top of Figure 5.6, there is the bulk resin
region which contains no fibres. It can also been seen that no bubbles or voids have
formed at the microscale, which were prominent at the macroscale during the pre-
liminary attempts of curing the bulk resin material. The high fibre volume-fraction
region of the sample is shown at the bottom of Figure 5.6, where there are very few
large resin pockets due to the high fibre volume fraction of the HTA/6376 composite
material. In the middle region of the micrograph, there is a region of matrix con-
taining fibres which have migrated into the resin region during the curing process.
This region contains fibre arrangements of varying density which produces resin
pockets of many different sizes and a number of fibres which are completely isolated
from the rest of the composite microstructure. This region of the microstructure
makes the hybrid specimens advantageous for indentation studies. The specimens
greatly increase the range of the matrix pocket sizes which can be studied and
ensures that both the bulk and in situ matrix material have undergone identical
curing conditions. The specimens also allow for experimental comparison to be car-
ried out between indentations which were positioned just micrometres apart. This
allows the indentations to be carried out in the same sample holder which ensures
that the calibrated machine compliance remains constant for the bulk and in situ
indentations.

Surface roughness measurements of the bulk matrix regions of the samples
were carried out using an Atomic Force Microscope (AFM) and Scanning Probe
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Figure 5.6: Resulting microstructure of the hybrid sample at the composite/epoxy
interface

Microscopy (SPM) using the indenter tip in order to determine if the resulting
surface was suitable for nanoindentation studies. The AFM measurements were
carried out using an Agilent 5500 AFM. Two separate 10×10 µm areas of the bulk
matrix surface were scanned in contact mode, one of which is shown in Fig. 5.7a.
Two 50×50 µm areas of the bulk matrix surface were then scanned in tapping mode,
one of which is shown in Fig. 5.7b. The mean surface roughness (Ra) measured
from the AFM scans was 2.2 ± 0.6 nm. The Berkovich tip of the nanoindenter was
also used to measure the surface roughness of the matrix material following sample
preparation. The Agilent G200 nanoindenter system includes a closed-loop nano-
positioning stage with a resolution of 0.5 nm, known as the Nanovision stage. This
stage generates surface images by raster scanning the sample beneath the indenter
tip, and applying a small contact force to the surface. Three separate 50×50 µm
areas of the bulk matrix were scanned using a scanning force of 1 mN, one of which is
shown in Fig. 5.7c. The mean surface roughness (Ra) measured using this data was
2.9 ± 0.3 nm. Similar values of surface roughness were measured for both surface
preparation procedures and the surfaces were deemed sufficient for nanoindentation
experiments.
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(a) (b)

(c)
Figure 5.7: SPM scans of bulk matrix region (a) 10×10 µm area contact mode AFM
scan, (b) 50×50 µm area tapping mode AFM scan and (c) 50×50 µm area scanned
using Berkovich indenter tip and Nanovision stage

While the different surface preparation procedures did not impact signific-
antly on the optical microscopy or matrix region roughness of the samples, the same
could not be said for the composite regions of the sample. Figs 5.8a and 5.8b show
3D nanovision scans of the composite regions of the sample prepared using surface
preparation procedure A. A cube corner indenter tip geometry was used to carry out
the scans due to the added sharpness of this geometry compared to the Berkovich
tip. Fig. 5.8a shows a scan of a region with a high density fibre distribution, while
Fig. 5.8b shows a scan of an isolated fibre. The surface of the fibres show clear
evidence of damage due to the use of diamond suspensions as part of this procedure.
This also leads to divots in the matrix pockets which adversely affects the ability of
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Damage 

due to diamond

particles

(a) (b)

(c) (d)
Figure 5.8: 3D scan of composite regions, (a) high fibre volume region following
surface preparation procedure A, (b) isolated fibre following surface preparation
procedure A, (c) high fibre volume region following surface preparation procedure
B, (d) isolated fibre following surface preparation procedure B

the nanoindentation method to characterise these regions accurately. The effects of
preparation procedure B on the resulting microstructure is shown in Figs. 5.8c and
5.8d for the high density fibre distribution and isolated fibre regions, respectively.
A clear improvement in surface quality can be seen using this procedure, where the
fibre’s circular shape remains intact and no significant damage visible on the surface
of either constituent.

An important aspect of the resulting scans is the clear difference in height
that exists between the fibre and matrix constituents following surface preparation.
While this fibre-matrix relief is lessened by the less aggressive procedure and use
of TexMet C cloths as part of procedure B, there still exists a significant height
difference between the constituents as highlighted in Figs. 5.8c and 5.8d. The
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relief between the fibre and matrix is larger for the case with the isolated fibre,
measuring approximately 300 nm, while the relief is reduced to 150 nm the regions
with a high density of fibres. While the size of the relief is relatively small in
comparison to the mean fibre diameter (6.6 µm), its effect on accurate microscale
characterisation of the fibrous composite microstructure using the nanoindentation
technique is considerable. The use of the indentation methods to characterise the
‘interphase’ region which surrounds the fibre-matrix interface is greatly affected. A
simple analysis of the indentation geometry indicates that the thickness of material
surrounding the fibre (th) which cannot be characterised by a conical or pyramidal
indentation without contact between the indenter tip and fibre material is given by:

th = (RFM + hmax) tanα (5.1)

where RFM is the fibre-matrix relief, hmax is the maximum indentation depth and
α is the half-angle of the indenter. Consider the case of a Berkovich indentation
with the flat side of the tip aligned closest to the fibre-matrix interface (α = 65.27°),
the lower detected fibre-matrix relief of 150 nm, and an extremely low indentation
depth of just 50 nm. Even for this advantageous experimental scenario, the thickness
of the material surrounding the fibre-matrix interface which cannot be indented
without contact between the indenter and the fibre is 434 nm. The reported widths
of the interphase region for CFRP materials measured using AFM phase imaging
and Transmission Electron Microscopy (TEM) are in the order of 100–500 nm (Gu
et al., 2010; Cech et al., 2013; Wu et al., 2014). Therefore, the measured fibre-
matrix relief following surface preparation, combined with the effects of the sub-
surface fibre-constraint characterised in Chapter 3, suggests an inherent difficulty
when attempting to quantitatively determine the interphase properties of CFRP
materials experimentally using the nanoindentation testing.

5.3 Testing and analysis procedures

The indentation experiments were carried out using a Nanoindenter G200
supplied by Agilent Technologies. The G200 is the updated version of the Nano
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Indenter XP machine produced by MTS instruments. The G200 uses a Nanomech-
anical Actuating Transducer (NMAT) to apply loads and measure displacements
during nanoindentation tests. The load and displacement resolutions are 50 nN and
0.01 nm respectively. A schematic showing the inner workings of the G200 is shown
in Figure 5.9. The load is controlled by electromagnetic actuation and the displace-
ment is measured using a capacitance gauge. The indenter shaft is held stiff by
two leaf springs which ensure that there is no movement across the sample surface
during indentation. The machine is capable of Continuous Stiffness Measurement
(CSM) which allows measurement of the contact stiffness continuously throughout
the indentation loading and not just at the point of initial unload. This continu-
ous measure of contact stiffness allows the indentation hardness and modulus to be
measured as a function of depth from a single indentation.

Figure 5.9: The Agilent Nano Indenter G200 and a cross-sectional diagram of the
XP-NMAT (Agilent, 2009).

5.3.1 Express test property mapping1

In order to provide a general overview of the microscale properties of the
HTA/6376 composite, the Express Test option of the Nanoindenter G200 was used.
This method carries out an array of very fast (<2 s) shallow indentations in order

1The express tests were carried out at Agilent Technologies in Frankfurt Germany, with the
assistance of Dr. Holger Pfaff
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to determine a high resolution map of the hardness and modulus properties of the
sample surface. A DCM-II head was used in combination with a Nanovision stage to
ensure the best accuracy and resolution of the resulting quantitative property maps.
An area of the HTA/6376 composite microstructure surface measuring 12 × 12 µm
was mapped using an array of 30 × 30 indentations. The maximum indentation
depth target was set to 50 nm and the 900 indentations took approximately 28
minutes to complete. The region of microstructure mapped using the express tests
is shown in Fig. 5.10.

µm

Figure 5.10: Micrograph of the 12 × 12 µm region of microstructure mapped using
express testing

5.3.2 Characterisation of bulk 6376

In order to characterise the bulk 6376 epoxy material, indentation experi-
ments were carried out into the bulk matrix regions of the hybrid specimens using
both the unloading curve analysis (basic mode) and the dynamic CSM technique.
Basic indentations were carried out to four different target indentation depths,
namely, 250 nm, 500 nm, 1 µm and 2 µm, with a Berkovich indenter tip. A total of
30 indentations were carried out for each target depth. The indentation sites were
targeted using an optical microscope and the spacing used between the indentations
was equal to 50 times the maximum indentation depth to ensure no overlapping of
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deformation regions from neighbouring indentations. The indentations were posi-
tioned far from the composite and fibre migration sites of the hybrid specimens to
ensure there was no influence from the composite on the bulk matrix indentations.
The default settings of the G200 were used, which included a constant load hold
segment at the maximum load of 10 seconds, and an indentation strain-rate target
of 0.05 /s. The target strain rate was reached with a maximum deviation of ±0.01
/s for all depths deeper than 100 nm. Another 30 indentations were carried out
into the bulk resin with the same settings using the CSM mode of the G200. The
CSM indentations were assigned a maximum target displacement of 2 µm, and were
programmed to apply a harmonic displacement of 2 nm and a frequency of 45 Hz.

5.3.3 Characterisation of in situ 6376

The hybrid specimens were also used to carry out nanoindentation tests on
the in situ 6376 matrix material. To ensure comparability, the same nanoindenta-
tion CSM settings and Berkovich tip were used for both for the in situ resin pockets
and bulk 6376 matrix. In total, 50 indentations were carried out into matrix pock-
ets surrounded by fibres within the hybrid specimens. Matrix pockets which were
surrounded by a circular array of fibres were preferred in order to make the exper-
imental indentation results comparable to the previous finite element results from
Chapter 3. The fibre migration regions of the hybrid specimens allowed for a wide
variety of in situ resin pocket sizes to be indented. The radii of the 50 indented
matrix pockets ranged from 3.86 to 23.9 µm. The indentations were located at the
centre of the matrix pockets as the finite element models show that the stress field
beneath the indenter is axisymmetric even though the Berkovich tip geometry is not.
The CSM technique was again used when carrying out the indentations to highlight
any change in mechanical properties with indentation depth.

5.4 Results and discussion

5.4.1 Express test results

The resulting indentation hardness and modulus property maps for the ex-
press tests are shown in Figs. 5.11a and 5.11b respectively. The distinct circular
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shapes of the fibre regions are obvious in these figures, as well as more compliant sur-
rounding matrix regions. While there is a clear difference in mean properties of each
of the constituent materials, the scatter in each region is relatively high. The quant-
itative property maps also reveal clear property gradients around the fibre-matrix
interfaces which are observed as rings around the fibres measuring approximately
0.55 µm and 0.92 µm for the indentation hardness and modulus properties respect-
ively.

GPa GPa

µm µm

(a) (b)
Figure 5.11: Express test quantitative property maps of indentation (a) hardness
(b) modulus

While, the express tests provide a convenient quantitative map of the micro-
structural region of interest, the reliability of the measurements must be questioned.
The low indentation depths (mean 52 nm) make the data susceptible to influence by
indentation size effects and the fast indentation rate leads to relatively high scatter
for the indentations carried out across each constituent. The high indentation rates
also likely bias the matrix material data due to the inherent rate-dependence of the
material. As shown in the finite element investigation of Chapter 3, the properties
of the ‘interphase’ material can be overestimated by up 47% due to fibre constraint
effects. The property gradients around the fibre matrix interfaces illustrated in
Fig. 5.11 show that the measured properties of these regions increase by a greater
magnitude than that likely to be due solely to fibre constraint effects. However,
the post-preparation surface examination of Section 5.2.3 revealed significant fibre-
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matrix relief which shows that contact between the indenter and the fibre occurs
if indentations are placed within at a few hundred nanometres of the fibre-matrix
interface, even for very shallow indentations. This is the likely cause of the property
gradient ‘rings’ around the fibres observed in Fig. 5.11.

5.4.2 Bulk 6376 matrix results

The load-displacement curves for the basic indentations are shown in Fig.
5.12a. The data for the 30 indentations carried out at each indentation depth is
very consistent and reproducible as a result of the careful surface preparation pro-
cesses. The maximum load reached by 2 µm target indentations only varies by 0.47
mN (27.15 to 27.62 mN) for all the indentations. Similar repeatability of measure-
ments was observed for the CSM indentations. The use of the CSM technique allows
the indentation modulus to be plotted against indenter displacement as shown in
5.12b for the 30 CSM indentations. The moduli calculated from the basic indenta-
tion tests have also been superimposed into Fig. 5.12b, where the calculated moduli
from both methods show good agreement. For low values of indentation depth, there
is significant scatter in the values for indentation modulus. As the indentations be-
come deeper, the scatter converges and becomes relatively constant with indentation
depth. The elastic modulus of the bulk material has been calculated by averaging
data from the 30 CSM tests, using the data between the depths of 200 nm and 2 µm
to minimize the effect of the low-depth scatter. The mean value of modulus for the
bulk 6376 matrix material was calculated as 5.05 GPa with a standard deviation of
0.1 GPa.

As part of the Oliver and Pharr unloading curve analysis used for the basic
indentations, Equation 5.2 is fit to the upper 50% (Agilent, 2013) of the unloading
data measured from the indentation experiments:

P (h) = B (h− hp)m (5.2)

where B, hp and m are best fit constants. The application of this non-linear curve
fitting procedure to the unloading data from indentations carried out on the 6376
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Figure 5.12: (a) Load displacement curves for 30 bulk 6376 matrix indentations (b)
Young’s modulus versus indentation depth for the basic and CSM indentations

epoxy resin proved to be problematic. The fits were found to be highly sensitive to
the fitting constraints defined within the Matlab curve-fitting toolbox (Mathworks,
2010) used to apply the custom fits to the data. Poor fits to the data were produced
if the fitting constraint weren’t strictly defined. The startpoints and limits of the
best fit constants B, hp andm were varied to find the combination which consistently
produced the best fits and indentation results. A parametrised load-displacement
curve is shown in Fig. 5.13a, where the hSP is the specified indentation depth
target, hmax is the maximum measured indentation depth, hcreep is the amount of
creep displacement which occurs during the maximum load hold segment and hp

represents the depth of the residual plastic impression left in the material after
the indenter has been withdrawn from the specimen. The curve-fittings constraints
which produced the best fits expressed in terms of these parameters are listed in
Table 5.3. An example of a non-linear curve fit to the unloading data using these
constraints is shown in Fig. 5.13b. A more detailed analysis of the non-linear curve-
fitting procedure applied the bulk 6376 epoxy indentations is described in Chapter
6.

It is worth noting that the indentation moduli are significantly larger than the
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Figure 5.13: (a) Parametrised load-displacement curve (b) Resulting non-linear
curve-fit

Table 5.3: The best choice of curve-fitting constraints for the best fit constants of
the Oliver and Pharr non-linear curve-fit

Unknowns StartPoint Lower Limit Upper Limit
B 0 0 5
hp

hSP

2 + hcreep 0 hmax
m 2 0 Inf

value of elastic modulus taken from the 6376 data sheet (Hexcel, 2007) which was
determined using conventional ISO 527-1 tensile testing of bulk epoxy material. The
indentation modulus is approximately 40% greater than the expected value. This
is a common observation in indentation testing of polymer materials (Tranchida
et al., 2006; King et al., 2013). This error is often attributed to the viscous de-
formation associated of polymeric materials, pile-up of material around the indenter
at maximum load and hydrostatic stress. These effects considered in more detail
in Chapter 6. However, previous studies have examined the effects of temperature
(Frontini et al., 2015), carbon nanotube composition (De Silva et al., 2013) and
graphene platelet addition (King et al., 2013), on the tensile and indentation mod-
uli of polymeric materials. In these comparative studies, the relative change in the
tensile and indentation moduli values due to the investigated effects were similar,
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even if the quantitative values were different. As the bulk and in situ resins in this
research are expected to be reasonably similar in nature, they are also assumed to
have similar viscoelastic and pile-up properties for the purpose of this comparison.
Therefore, a comparative study of the indentation moduli values determined using
the Oliver and Pharr method for both in situ and bulk materials is still deemed
valid.

5.4.3 Experimental investigation of fibre constraint

The mechanical constraining effect of the surrounding fibres was characterised
using finite element models in Chapter 3. This study gave an insight into the sub-
surface stress transfer between the constituents when characterising matrix pockets
using the nanoindentation technique and showed that the indentation modulus for
the matrix material can be overestimated by up to 47% due to this phenomenon.
The fibre constraint effect has also been characterised experimentally herein, by us-
ing the CSM data from the 50 indentations carried out into the resin pockets of
the hybrid specimens. The pocket radii were measured after the indentations using
the optical microscope of the G200 Nanoindenter at a magnification of 1000X. The
pocket radius was measured from the point of initial indentation to the outer edges
of the adjacent fibres. An example of a residual impression from an indentation in
a matrix pocket is shown in Figure 5.14.

The CSM modulus data for 2 of the 50 indentations is compared with the
CSM data for the 30 bulk resin indentations in Figure 5.15. For the lower depths,
the values for in situ modulus remain relatively consistent with respect to depth.
This is followed by a region of gradual increase in modulus values, with increas-
ing indentation depth, due to the mechanical constraining effect of the surrounding
fibres. At a certain point, the modulus increases rapidly due to the indenter coming
in contact with one or more of the fibres that surround the indentation area. These
observations are consistent for all the matrix pocket indentations, with the phenom-
ena occurring at different indentation depths depending on the radius of the matrix
pocket.

In order to characterise the effect of fibre constraint on the CSM modulus
data from different matrix pocket sizes, the concept of a ‘fibre constraint factor’ is
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R 5.71

Indenter contacting 

!bre

Figure 5.14: Optical microscope image (1000X) of a residual impression from an
indentation carried out into a matrix pocket with a radius of 5.71 µm

introduced. The fibre constraint factor (FCF ) at any point in the indentation has
been defined as the radius of the matrix pocket being indented (Rp) divided by the
instantaneous indentation depth (h) in Equation 5.3.

FCF = Rp

h
(5.3)

The FCF has been calculated using the CSM curves for each indentation
by applying Equation 5.3 to each data point. The modulus data from the CSM
plots was normalised by dividing it by the unconstrained value of modulus (Eun).
The unconstrained modulus values were the values extracted from the CSM data
at the unconstrained depth (hun). From the finite element results of Chapter 3, it
was determined that the indentations remain relatively unconstrained ( E

Eun
< 1.05)

when the fibre constraint factor is approximately 20 or greater when a Berkovich tip
is used. This value was indicative of the initiation of significant subsurface stress
transfer across the fibre-matrix interface for the HTA/6376 material system. This
implies, from Equation 5.3, that the unconstrained indentation depth is equal to the
pocket radius divided by 20.
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Figure 5.15: Modulus versus indenter displacement data for indentations into bulk
6376 resin and two resin pockets determined using the CSM Nanoindentation tech-
nique

hun = Rp

20 (5.4)

The unconstrained indentation depth (hun) has been calculated for each in
situ indentation using Equation 5.4 once the pocket radius had been determined
post-hoc. By applying these calculations to the CSM data, the fibre constraint
effect on CSM data from indentations carried out in matrix pockets of varying size
could be investigated. Figure 5.16 shows the normalised modulus values plotted
against the fibre constraint factor for all 50 indentations carried out into the matrix
pockets. The data for the 50 indentations converges nicely when the data is analysed
in this way, with three regions of interest: (i) For large values of FCF there is
some scatter in the data, which is caused by the experimental scatter observed
at very low indentation depths (Figure 5.15) becoming significant for indentations
carried out into the smaller-sized matrix pockets. As there is little or no fibre
constraint at high values of fibre constraint factor, this scatter is not significant
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for this investigation. (ii) A gradual increase in the normalised modulus values
is observed for all the indentations as the fibre constraint factor decreases. This
is caused by mechanical constraint of the surrounding fibres which becomes more
prevalent as the fibre constraint factor decreases. (iii) Following this gradual increase
in normalised modulus, a rapid increase in normalised modulus is observed for a
number of indentations for the lower values of FCF. This is due to the indenter tip
contacting one or more of the neighbouring fibres while indenting to the maximum
depth of 2 µm. The impression made by a Berkovich indenter at the maximum
indentation depth of 2 µm will extend 6-9 µm out from the initial point of contact,
depending on the orientation of the tip. Therefore, any indentations carried out
into pockets of this radius size or smaller are likely to have contact between the
indenter tip and the fibres as is clearly visible in the micrograph of Figure 5.14. The
scatter observed for values of FCF where this steep increase in normalised modulus
is observed is most likely due to the matrix pockets not being perfectly circular, the
initial point of the indentations not being positioned directly at the centre of the
pockets and the varying orientations of the Berkovich indenter tip relative to the
closest neighbouring fibre.

The values of normalised modulus and FCF from the finite element invest-
igation of Chapter 3 have also been superimposed onto Figure 5.16. The effect of
the mechanical fibre constraint on the indentation modulus is similar for both the
finite element models and the experimental CSM data. This is made evident in the
middle portion of the figure where the gradual rates of increase in normalised modu-
lus for the models and the experiments are very similar. The CSM experiments show
that the indentation modulus of the matrix constituent can be increased by 40-50%
by the neighbouring stiff fibre regions even when no contact has occurred between
the indenter and the fibre material, and that care should be taken to avoid this
phenomenon when attempting to determine accurate properties in these regions.

5.4.4 Bulk versus in situ matrix properties

Since the mechanical constraint effect of the fibres has been characterised
both experimentally and numerically, the results can be used to investigate any real
change in mechanical properties of the composite’s matrix constituent following the
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Figure 5.16: Normalised Modulus plotted against Fibre Constraint Factor (FCF)
for all 50 pocket indentations and FE models

curing process, independently of this effect. The CSM technique can be used to de-
termine the unconstrained modulus value for indentations constrained, or contacted
by fibres, while approaching the maximum indentation depth. The unconstrained
modulus (Eun) was determined from the CSM data at the unconstrained depth (hun)
that was defined using Equation 5.4. Once the unconstrained depth is known, the
unconstrained value of modulus for the matrix in the pocket can be determined. The
values of unconstrained modulus for the in situ indentations are plotted versus their
corresponding matrix pocket radius values in Figure 5.17. The upper x-axis also
indicates the unconstrained indentation depth at which the modulus values were
measured. This is directly related to the radius of the matrix pocket by Equation
5.4. The unconstrained indentation depths for the 50 pockets ranged from 193-1265
nm.

The variation of the modulus with indentation depth for the 30 indentations
carried out into bulk 6376 has been superimposed in Figure 5.17 to compare the in
situ and bulk moduli over the range of indentation depths analysed for the in situ
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Figure 5.17: The unconstrained modulus for each matrix pocket indentation plot-
ted versus the radius of the matrix pocket (lower x-axis) and the unconstrained
depth of the indentation (upper x-axis). The bulk matrix mean and SD variance
corresponding with the indentations depths on the upper x-axis are also shown.

indentations. For the larger matrix pockets (radius > 15 µm), the modulus values
remain relatively constant and close to the mean value from the bulk 6376 indent-
ations. The average indentation modulus in these large resin pockets is on average
slightly larger than the mean value for the bulk resin material. For the smaller mat-
rix pockets (radius < 15 µm), there is a clear increase in modulus with decreasing
matrix pocket size. The curve fit added to Figure 5.17 shows that the modulus of
the resin increases exponentially as the radius of the pocket decreases. The modulus
is found to increase by up to 19% from that of the mean value determined for the
bulk 6376 matrix.

Similarly, the values of the unconstrained hardness have been plotted against
matrix pocket radii in Fig. 5.18. Unlike the values of in situ modulus, the values
of hardness for the larger pockets (radius > 10 µm) are lower than that of the bulk
matrix for the majority of in situ indentations. This is likely due to the existence of
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equibiaxial tensile residual stress in the matrix regions following thermal cooldown
from the cure temperature. The reductions in hardness from that of the mean values
for the bulk material are similar to the reductions predicted by the finite element
models of Chapter 4, which characterised the effects of thermal residual stress on
the calculated indentation properties. As the size of the matrix pockets get smaller,
a similar to trend to that for modulus property is observed. An exponential increase
in the hardness property is apparent as the pockets get smaller, with hardness
increasing by up to 31% compared to that of the bulk 6376 material.
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Figure 5.18: The unconstrained hardness for each matrix pocket indentation plot-
ted versus the radius of the matrix pocket (lower x-axis) and the unconstrained
depth of the indentation (upper x-axis). The bulk matrix mean and SD variance
corresponding with the indentations depths on the upper x-axis are also shown.

The results suggest that the curing process has an effect on the in situ modulus
and hardness of the composite’s matrix constituent, causing a distinct increase in
the properties compared to the material in its bulk form. The results also indicate
that the magnitude of the property change is dependent on the distance of the
matrix material to one or more fibre-matrix interfaces. The scatter in the data for
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indentations on pockets of similar size may be attributed to the assumption that
all the pockets are perfectly circular, the indentations not being positioned directly
at the centre of the pockets and varying densities of the fibre packing arrangements
surrounding the matrix pockets.

5.4.5 Statistical analysis of nanoindentation results

Nanoindentation testing is notoriously susceptible to a large amount of exper-
imental scatter, particularly at low indentation depths. Experimental factors such
as tip blunting, poor tip area calibration procedures, insufficient sample preparation
can all increase the experimental scatter in nanoindentation results. To determine
whether the apparent property change observed in this study is significant and rep-
resentative of a true change in the properties of the matrix material post-cure, a
statistical analysis of the experimental scatter was carried out. The large number
of indentations carried out in this study facilitates this analysis. The variation of
the mean indentation modulus and hardness with depth from the 30 indentations
carried out on the bulk 6376 matrix material are shown in Figs 5.17 and 5.18 re-
spectively. The mean values are relatively consistent with indentation depth, except
for extremely low indentation depths (<100nm). To illustrate the experimental scat-
ter from the 30 bulk matrix indentations, the mean values ±1 Standard Deviation
are also plotted against indentation depth on Figs 5.17 and 5.18, where the experi-
mental scatter increases with decreasing indentation depth. To determine whether
the variation between the bulk and in situ resin properties was representative of a
true property change, or purely a consequence of experimental scatter, the student
t-test was used (Livingston, 2004). The mean and standard deviation of both the
bulk (XB,σB) and in situ (XI ,σI) observation sets were determined over the range
of unconstrained indentation depths for the in situ indentations, i.e. a depth range
193 - 1265nm. A confidence level of 99.9% was chosen and the degrees of freedom
was calculated using Equation 5.5:

df = NB +NI − 2 (5.5)

where df is the numbers of degrees of freedom, while NB and NI are the number of
indentations carried out into the bulk and in situ resin materials respectively. The
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confidence level and degrees of freedom can be used to determine the critical value
of the test statistic (Zcrit) by referring to the student-t test distribution table. The
value for the test statistic (Z) for the observation sets of interest is determined using
Equation 5.6. A summary of all the parameters used for the student-t test is shown
in Table 5.4.

Table 5.4: Student-t test parameters

Mean (X ) Standard Deviation (σ ) N df Zcrit Z
Modulus Bulk 4.89 GPa 0.107 GPa 30 78 3.4197 9.9094

in situ 5.37 GPa 0.307 GPa 50
Hardness Bulk 381 MPa 11 MPa 30 78 3.4197 4.3464

in situ 405 MPa 36 MPa 50

Z = ‖XB −XI‖√
σ2

B

NB
+ σ2

I

NI

(5.6)

For both the modulus and hardness data, the value of the calculated test
statistic (Z) was greater than the critical value (Zcrit) indicating that there is a
99.9% probability that the observation sets are significantly different and drawn
from different populations.

5.5 Concluding remarks

The micromechanical properties a fibrous composite microstructure has been
investigated experimentally using the nanoindentation technique. The aerospace
composite HTA/6376 was co-cured with bulk 6376 resin to create specimens ideal for
micromechanical characterisation using the nanoindentation technique. The effect
of different surface preparation techniques on the resulting microstructure and topo-
graphy was investigated and highlighted the extent of the fibre-matrix relief which
exists following the grinding and polishing processes. This phenomenon severely
limits the usefulness of the nanoindentation technique to quantitatively characterise
the ‘interphase’ region which surrounds the fibre-matrix interface.

Express test property mapping and Continuous Stiffness Measurement (CSM)
experimental nanoindentation techniques have been used to characterise the micro-
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scale properties of the HTA/6376 composite. The express tests provided convenient
quantitative map of the fibre and matrix properties, as well as highlighting the
gradient in properties surrounding the fibre-matrix interface. However, the low in-
dentation depths and high rates used by the technique limited the reliability of the
results. In order to more accurately characterise the matrix constituent of the com-
posite, indentations were carried out into a wide range of resin pocket sizes provided
by the co-cured ‘hybrid’ specimens using the CSM technique. This allowed the effect
of the mechanical fibre constraint to be characterised experimentally. The results
were compared with those from the finite element investigation of Chapter 3. A sim-
ilar increase in modulus versus ‘fibre constraint factor’ was evident for both finite
element models and the experiments, therefore validating the previously outlined
3D finite element methodology for characterising fibre constraint. Characterising
this effect allowed the unconstrained values of modulus and hardness for each mat-
rix pocket to be compared with that of the bulk matrix material. The indentation
modulus and hardness for many of the matrix pockets was found to deviate from
the value for the bulk 6376 resin. It was found that the change in elastic modulus
was dependant on the matrix pocket size and increased by up to 19% compared
with the bulk matrix material value. The in situ values of hardness were found to
decrease compared to the bulk material for the larger resin pockets. While, for the
smaller pockets, an exponential increase in the property was apparent as the radius
of the matrix pockets reduced. Importantly, it was found that the apparent changes
in in situ properties was significantly different relative to the scatter from the bulk
measurements, with a confidence level of 99.9%.

The experimental results indicate that the fibrous composite curing process
has a significant effect on the properties of the matrix material in comparison to
the properties of the material in its bulk form. The sample preparation procedures
proposed in this study not only ensure that the bulk and in situ materials undergo
the same curing process, but also allows the evolution of matrix property change
to be observed as a function of the matrix pocket size. The results show that the
increase in indentation properties for the in situ resin is considerable for matrix
pockets with a radius of less than 15µm (Figure 5.17). While the increase in indent-
ation properties reported here is not as large as the property changes reported for
the interphase region by other authors (Hodzic et al., 2000; Lee et al., 2007), it is
interesting that this property change still occurs at large distances from the fibre-
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matrix interfaces. The reported sizes of the interphase regions for CFRP materials
are in the order of hundreds of nanometres, whereas none of the unconstrained in-
dentation depths in this work begin to even approach this region surrounding the
fibres. It is possible that the dependence of indentation modulus on the matrix
pocket size could be due to a more far-field interphase effect, due to potential re-
actions between the fibre surface treatments and the matrix material at distances
greater than previously assumed. However, it is also possible that the local curing
conditions of the matrix material have been altered by the added confinement of the
surrounding fibres, which does not exist for the bulk material. This local property
change, independent of the small interphase region surrounding the fibres may be
significant from a micromechanical point of view, depending on the loading scenario
being analysed. The indentation protocols developed herein, thus provide a robust
approach to determining the material properties of the matrix constituent in situ,
taking into account the mechanisms associated with using the method on fibrous
composite materials and the statistical scatter associated with the nanoindentation
technique.
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6 Investigation of Pile-Up, Viscoelasticity and Hy-
drostatic Stress Effects on Polymer Matrix In-
dentation

6.1 Introduction

Nanoindentation has proven itself to be an extremely useful technique for
testing of composite material constituents at the microscale. The experimental
comparison between the bulk and in situ indentation moduli in Chapter 5 is solid
evidence of this. While this comparative analysis is interesting, it is clear that the
quantitative values of the 6376 moduli do not compare well with those reported on
the material data sheet. The indentation moduli are consistently larger than the
reported macroscopic value, determined using conventional ISO 527-1 tensile testing
of bulk epoxy material (Hexcel, 2007), by roughly 40%. Similar overestimations of
polymer moduli by indentation methods have been noted in the literature (Tranchida
et al., 2007; Kranenburg et al., 2009), and are often attributed to the effects of
material pile-up, viscoelastic deformation and sub-surface hydrostatic stress. The
overestimation of the true specimen elastic modulus using nanoindentation remains
a predominant issue preventing the accurate quantitative characterisation of the in
situ matrix properties of polymer matrix composites (PMCs) at the microscale.

The elastic theory on which the nanoindentation analysis technique is based
assumes that “sink-in” behaviour has occurred in the region around the indentation,
as this behaviour is characteristic of elastic conical indentations. However, depend-
ing on the substrate material, the behaviour can vary at the maximum indentation
depth, as illustrated in Fig. 6.1. During pile-up, the contact depth (hc) is greater
than the maximum indentation depth (hmax). Fig. 6.1b shows the shapes of the
projected contact areas at maximum depth in each case, for indentations carried
out using a Berkovich indenter. For the case of pile-up, the flat sides of the indent-
ation impression curve outwards as the material piles up mostly on the flat regions
between the sharp edges of the indenter tip. During sink-in, the flat sides of the
impression bow inward as the material sinks-in mostly in the same regions. While
the assumption of sink-in behaviour is valid for most materials, there have been
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Figure 6.1: Pile-up and sink-in material behaviour at maximum indentation depth
(a) side profile of indentation, (b) geometry of projected contact areas for each case

numerous reported cases where the theory has failed to correctly predict the true
contact area for the elastic-plastic indentation, depending on the modulus to yield
stress ratio of the material (Bolshakov and Pharr, 1998). This leads to overestim-
ated indentation moduli values (McElhaney et al., 1998; Randall et al., 1998; Beegan
et al., 2003, 2005; Zhou et al., 2008; Saha and Nix, 2001, 2002; Cao et al., 2006).

Studies have also indicated that the time-dependent behaviour of polymers af-
fects the predictions of elastic moduli using the nanoindentation technique (Tranchida
et al., 2007). In particular, it has been shown that the initial phase of the unloading
curve is abnormal compared to the rest of the unloading curve, due to the notable
effects of viscoelastic deformation (Beyaoui et al., 2009). These effects lead to an
increase in the contact stiffness, poor non-linear curve fits of the unloading data, and
theoretically invalid fitting exponents (Beyaoui et al., 2009; VanLandingham et al.,
2001; Tranchida et al., 2007). In severe cases, indentation creep can actually lead to
a negative slope at the initiation of indenter unloading, which makes analysis of the

124



6.2 Characterisation of 6376 matrix material

unloading curve impossible (Briscoe et al., 1998). However, even in the absence of
this phenomenon, the unloading data can still be adversely affected by viscoelastic
deformation, leading to overestimation of the sample modulus.

During indentation testing, the stressed material underneath the indentation
tip becomes constrained by the surrounding unstressed material, leading to a build-
up of large compressive hydrostatic stress (Atkins and Tabor, 1965). It has been
postulated by a number of authors that, for polymers, the overestimation of the
indentation modulus could be influenced by the existence of this hydrostatic stress
state (De Silva et al., 2013; VanLandingham et al., 2001; Briscoe and Sebastian,
1996; Doerner and Nix, 1986), as the tensile modulus of polymers has been shown
to increase with hydrostatic pressure when tensile tests were performed in a thick-
walled cylindrical pressure chamber (Jones Parry and Tabor, 1973; Pae and Bhateja,
1975). However, the effect of the surrounding hydrostatic stress state on polymeric
indentations has yet to be quantified.

In this chapter, the effects of material pile-up, time-dependent viscoelastic
deformation and hydrostatic stress on the indentation modulus of the bulk 6376
epoxy using the Oliver and Pharr (1992) method is examined. Optical and Scan-
ning Probe Microscopy (SPM) techniques have been used to investigate the residual
impressions of indentations for evidence of pile-up, with area corrections applied to
the nanoindentation results based on direct area measurement techniques. The effect
of viscoelastic deformation has also been investigated by carrying out a large number
of indentations using a wide range of experimental settings in order to determine
the optimum configuration and analysis techniques to produce results free from the
influence of time-dependent deformation effects. The effect of varying these experi-
mental and analytical parameters on the curve-fitting procedure has been detailed.
Finally, relations from the literature are used to quantify the value of the constrain-
ing hydrostatic stress, and characterise its influence on the calculated indentation
modulus of the 6376 material.

6.2 Characterisation of 6376 matrix material

The nanoindentation experiments were carried out using the Nanoindenter
G200 developed by Agilent Technologies, fit with a Berkovich indenter tip. Four
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Figure 6.2: (a) load-displacement curves, (b) Indentation modulus and hardness
versus target indentation depth

different target indentation depths, 500 nm, 1 µm, 2 µm and 5 µm, were used in or-
der to characterise any depth dependency of the examined phenomena. The chosen
indentation depths also ensure that the results are independent of experimental
factors such as tip blunting, surface roughness and size-scale effects associated with
low-depth indentation (Tranchida et al., 2007; Tatiraju et al., 2008; Tho et al., 2006;
Voyiadjis and Peters, 2010; Han, 2010). In order to carry out an initial characterisa-
tion of the 6376 epoxy material, a total of 30 indentations were carried out for each
depth. The default settings of the G200 were used, which included a constant load
hold segment at the maximum load of 10 seconds, and an indentation strain-rate
target of 0.05 /s.

The load-displacement data, indentation modulus and hardness for the in-
dentations are shown in Fig. 6.2, and are consistent across the four depths invest-
igated. The indentation moduli (mean 5.07 GPa) were consistently larger than the
reported macroscopic value (3.63 GPa) determined using conventional ISO 527-1
tensile testing of bulk epoxy material (Hexcel, 2007), by approximately 40%.
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Figure 6.3: (a) Micrograph and SPM image of 5 µm indentation, highlighting loca-
tions of line scans, (b) Line scans A, B and C

6.3 Investigation of material pile-up

A residual impression for each indentation depth was investigated for pile-up
using the optical microscope of the G200 (1000× magnification) and scanning probe
microscopy (SPM). An example is shown in Fig. 6.3a, for a 5 µm indentation. The
closed-loop nano-positioning (Nanovision) stage of the G200 was used in combination
with the indenter head fit with a cube corner indenter tip to create high-resolution
images of the residual impressions. This was accomplished by raster-scanning the
tip over the area of interest under a force of 1 µN. The time between the test’s
unloading cycle and the SPM scans was roughly one hour for all the scans. The
data from the scans was post-processed and plotted using the free and open source
SPM data analysis software Gwyddion 2.30.

While the use of optical, electron and spanning probe microscopy to determine
the true contact area is often recommended for cases where pile-up occurs during
an indentation (ISO, 2015; Oliver and Pharr, 2004), there is no standard procedure
or consensus regarding the method of measurement of the corrected contact area.
Thus, two methods have been used to directly measure the contact area from the
SPM scans. The first directly measures the projected contact area of the impression
(APROJ) (Cabibbo et al., 2013; Beegan et al., 2003; Kese and Li, 2006; Saha and Nix,
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2001; Zhou et al., 2008), while the second determines the depth-corrected contact
area based on the measured pile-up profiles (APU) (Cao et al., 2006; Zhou et al.,
2008). To determine APROJ from the residual impressions, line scans were examined
which started at the centre of the impression and proceeded outwards towards the
bulk non-indented surface, as illustrated in Fig. 6.3a. The highest points along
these line scans were assumed to be the bounding points of contact between the
indenter and the substrate material. The line scans were measured for the full 360°
around the centre of the indentation at an angular increment (dΘ in Fig. 6.3a) of
2.5°. The analysis of the contact points leads to a projected contact area with inward
curvature. The indentation modulus was recalculated using this new projected area,
and is denoted as EPROJ .

Material pile-up is clearly visible around the flat sides of the impression in
Fig. 6.3a. To determine the corrected contact depth (hc) from the SPM scans, the
height of the material pile-up (hPU) above the mean surface height was measured
using the line scans A, B and C, illustrated in Fig. 6.3b. This height was then added
to the maximum indentation depth (hmax) to determine the corrected contact depth
(hc) according to Equation 6.1:

hc = hPU + hmax (6.1)

The depth-corrected contact area (APU) is then calculated using the indenter’s area
function and the corrected contact depth. The indentation modulus calculated using
this new depth-corrected contact area is then denoted as EPU . Both of the above
methods of direct contact area determination were found to successfully correct
the overestimated indentation modulus determined for indentations carried out on
Aluminium 6082T6 alloy, where pile-up occurred during indentation. The results
for the Aluminium sample are presented in Appendix B on page 179.

The corrected contact areas and moduli were normalised by dividing by the
values determined using the Oliver and Pharr technique, and plotted in Fig. 6.4a
and 6.4b, respectively. The values of area appear to be slightly dependent on the
indentation depth, with larger normalised areas determined for smaller indentations.
There is a clear disparity between the values calculated using the two techniques.
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Figure 6.4: Normalised (a) Contact area and (b) Indentation modulus determined
using each of the pile-up correction methods

The inward curvature of the projected contact area (APROJ) predicts sink-in be-
haviour, to an even greater degree than that predicted using the Oliver and Pharr
prediction. This leads to an increase in the corresponding modulus value. The cor-
rected area using the pile-up heights (APU) leads to roughly a 20% reduction in the
indentation modulus, but is still 12% larger than the macroscopic modulus.

The observation of both inward curvature and material pile-up around the
residual impression seems somewhat contradictory based on the expected impression
geometry described in Fig. 6.1b. This behaviour is probably due to the recovery
which the material undergoes on removal of the maximum indentation load. An
interesting comparison can be made between the residual impression depth (hp)
extracted from the load-displacement data at zero load in Fig. 6.2a, and that ob-
served post-hoc using the SPM line scans in Fig. 6.3b. These values are compared
in Fig. 6.5, for both the aluminium alloy and 6376 epoxy material. Both measured
values of residual indentation depth are quite similar for the aluminium material.
However, for the 6376 material, it is clear that the depth of the residual impres-
sions determined from the SPM scans is much lower than that extracted from the
load-displacement curves at zero load. This is clear evidence of the significant vis-
coelastic recovery experienced by the material upon removal of the indentation load.
This large amount of recovery makes direct measurement of the contact area prob-
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lematic. The indentations recover roughly 80% of the maximum indentation depth
between the time the indenter is under its maximum load, and the time the surface
was scanned. This excessive elastic and viscoelastic recovery makes it unlikely that
the height of the measured pile-up (hPU) is representative of the state of pile-up
under the indenter at maximum indentation load. The surface recovery is more
likely to occur predominantly upward based on the 80% recovery of the indentation
depth and the recovery sequence observed in the numerical simulations of Chapter
3. In conclusion, the results of the SPM scans show that material pile-up does not
provide a satisfactory explanation for the overestimation of the indentation modulus
of the 6376 resin, while also providing further evidence of the significant viscoelastic
deformation which occurs during and following the indentation of this material.

6.4 Investigation of viscoelastic effects

The experimental indentation settings were altered to determine the elastic
modulus of the 6376 epoxy, independent of the viscous behaviour of the material.
The parameters altered were the maximum load holding segment time (thold), the
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indentation strain-rate (ε̇) and the point of contact stiffness evaluation (h dP
dh
), and

these investigations are described in the subsections below.

6.4.1 Maximum load hold segment time (thold)

To allow time-dependent deformation to diminish prior to the critical unload-
ing segment of the test, a holding period is often applied to the nanoindentation test
at maximum load. This hold period was first proposed by Hochstetter et al. (1999),
and the default hold time for the G200 is 10 seconds. To investigate the effect of the
hold time (thold) on the indentation modulus, tests were carried out using 6 differ-
ent hold times for each target indentation depth. A wide range of hold times were
investigated, namely, 0 s, 10 s, 60 s, 120 s, 600 s and 3600 s, with two indentations
carried out for each combination of indentation depth and hold time.

The load-displacement data for indentations with a target depth of 2 µm is
plotted in Fig. 6.6 for the range of hold times investigated. The increase in hold
time leads to an increase in creep displacement which manifests as a shift in the
unloading data along the displacement axis. A ‘nose’ was observed at the onset of
unloading for the indentations carried out with no hold time and is highlighted in
Fig. 6.6. This ‘nose’ is not present in the rest of the data where the hold segment
was included. The long-term creep response of the 2 µm indentation with a hold
time of 3600 s (1 hour) is shown in Fig. 6.7a, where thold has been plotted against the
indenter displacement. The creep displacement during the hold period increases the
total indentation displacement by 12% of the target indentation depth during the
hold period. The holding time has also been plotted against the creep rate in Fig.
6.7b for the same indentation. It can be seen that the creep rate is very low after
approximately 100 seconds, and is close to zero after approximately 1000 seconds.
The indentation modulus values determined for the different hold times are plotted
in Fig. 6.8, where a decrease in the modulus is observed as hold time increases, with
the largest scatter in properties observed for the indentations with zero hold time.
The values for thold = 0 have been plotted as thold = 1 for the purpose of illustration.
The modulus decrease is somewhat dependent on the indentation depth, with the
modulus for smaller indentations decreasing to a higher degree than larger ones.
The long hold moduli are closer to macroscopic modulus, as indicated in Fig. 6.8.
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Figure 6.7: The long term creep response of the 2 µm indentation with a hold time
of 3600 s: (a) Hold time versus indenter displacement, (b) Hold time versus creep
rate.
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Figure 6.8: Indentation modulus versus hold time for the six hold times and four
different indentation depths tested

6.4.2 Indentation strain-rate (ε̇)

The ‘indentation strain-rate’ is defined as the loading rate divided by the
instantaneous load (Ṗ /P ) and has a default value of 0.05 /s. The indentation
strain-rate also affects the unloading rate for the indentation. The unload rate is
calculated according to Equation 6.2 for the G200:

Ṗ =

0.1, if Pmaxε̇ < 0.1

Pmaxε̇, if Pmaxε̇ ≥ 0.1
(6.2)

where Ṗ is the unload rate, Pmax is the maximum load of the indentation and ε̇ is
the strain rate target defined for the test. A minimum unload rate of 0.1 mN/s was
imposed. Tests were carried out over a range of strain-rates spanning four orders
of magnitude, namely, 0.001, 0.01, 0.1 and 1 /s. The maximum indentation depth
target was set to 2 µm, and a total of 10 indentations were carried out for each
indentation strain-rate.
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Figure 6.9: The effect of indentation strain rate on the 6376 epoxy loading curves

The loading curve behaviour of the 6376 epoxy was highly dependent on the
strain rate target chosen as shown in Fig. 6.9. It is clear that as the strain rate
is increased, the load required to reach the displacement target increased. The
effect of the chosen indentation strain rate on the calculated indentation modulus
is shown in Fig. 6.10, where an increase in modulus observed as the strain rate was
increased. For strain-rates greater than 1, the increase in maximum load (Pmax)
and resulting properties was extreme and, therefore, deemed abnormal and omitted
from the results. The lowest value of indentation modulus calculated was 4.5 ± 0.08
GPa, which was determined at the strain rate of 0.001 /s.

6.4.3 Point of contact stiffness evaluation (h dP
dh
)

An example load-displacement curve is shown in Fig. 6.11 where the regions
of positive (first hold segment) and negative (second hold segment) displacement
drift have been highlighted. It is reasonable to assume that a point of inflection
must exist at some point on the load-displacement curve between these hold seg-
ments, where the effects of creep and relaxation are minimised. Here, it is proposed
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Figure 6.10: Indentation modulus versus strain rate for five repeats at four different
strain rates

that the point of contact stiffness determination (h dP
dh
) be changed, based on the

characterisation of a ‘creep-relaxation profile’ for the unloading curve. This allows
the most drift-insensitive point along the unloading curve to be determined, and
the contact stiffness calculated at this point, as opposed to fitting the drift-affected
data from the early stages of unloading. To determine this optimum point, a series
of indentations were held at a constant load at various stages along the unloading
curve. Indentations were carried out using the default experimental settings (thold =
10 s, ε̇ = 0.05 /s) across the four indentations depth under consideration. Holding
segments were introduced during the unloading segments at increments of 10% of
the maximum load, to ascertain the magnitude of the creep/relaxation at each stage.
A total of 5 indentations were carried out for each combination of indentation depth
and unloading curve load level, and the drift displacement from the first 10 seconds
was measured. A time of 10 seconds was chosen because the total unloading takes
20 seconds and the upper 50% of the curve is used for fitting and the calculation of
the indentation properties (Agilent, 2013).

The drift displacements during the unloading hold periods have been plotted
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Figure 6.12: Unloading curve creep-relaxation profiles detailing the (a) Drift dis-
placement and (b) Normalised drift displacement, measured from the unloading
curves, plotted against the percentage of the maximum load

against the percentage of maximum load level, to produce the unloading curves’
creep-relaxation profiles in Fig. 6.12a. The drift displacements were then normal-
ised by dividing by their corresponding maximum indentation depth targets in Fig.
6.12b. It is clear from the creep-relaxation profile that the total drift is minimised
at around 80% of the maximum load, and is insensitive to indentation depth. The
indentation data from Fig. 6.2a was analysed firstly using the unloading data ran-
ging from 100-50% of the maximum load (original) and again from 80-30% (new),
as illustrated in Fig. 6.11, and the resulting indentation moduli are compared in
Fig. 6.13. The data is very similar for all indentation depths, with only slightly
higher values determined for the 500 nm indentations. The moduli calculated were
5.07 ± 0.08 GPa and 4.42 ± 0.02 GPa using the original and new unloading data,
respectively, which is a similar decrease to that observed using long hold times
and slow strain rates, but with much less time required on the sample. This is
advantageous as high throughput experimentation (HTE) is often cited as one of
the major advantages of nanoindentation experiments over conventional mechanical
testing techniques (Kranenburg et al., 2009).
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6.4.4 Analysis of non-linear curve-fitting procedure

In order to calculate the indentation modulus of the sample, the upper 50%
of the unloading data was fitted using Equation 6.3 (Agilent, 2013):

P (h) = B (h− hp)m (6.3)

where B is a constant which depends on the indenter geometry and substrate prop-
erties, m is the curve-fitting exponent, and hp is the residual depth of the indentation
following complete unloading. The quality and exponents of this non-linear curve
fit can provide insight into how well the data from a polymeric indentation, where
time-dependent viscoelastic deformation is prevalent in the unloading data, adheres
to the elastic nanoindentation theory. A selection of non-linear curve fits are com-
pared with the corresponding unloading data in Fig. 6.14. Figs. 6.14a and 6.14b
show that as the hold time is increased, the difference between the curve-fit and the
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Table 6.1: Analysis of non-linear curve fitting parameters

Coefficients of Curve-fitting
Determination (R2) Exponent (m)

Hold Time, thold 0 0.9952±0.006 2.93±0.18
(s) 10 0.9980±0.005 2.82±0.05

60 0.9982±0.006 2.74±0.06
120 0.9982±0.004 2.60±0.03
600 0.9989±0.003 2.48±0.06
3600 0.9999±0.001 2.24±0.01

Strain Rate, ε̇ 0.001 0.9994±0.002 2.19±0.02
(1/s) 0.01 0.9976±0.005 2.25±0.03

0.1 0.9961±0.001 2.78±0.02
1 0.9926±0.004 2.46±0.01

Point of contact Original 0.9966±0.005 2.75±0.06
stiffness (h dP

dh
) New 0.9999±0.004 2.23±0.02

unloading data decreases. This is probably due to an increase in creep deforma-
tion occurring prior to unloading. The curve-fits for the different strain-rates were
all quite poor, especially for the data corresponding to the beginning of unloading.
However, it clear from comparing the curves shown in Figs. 6.14c and 6.14d that
slower strain rates led to a more accurate fit of the data. Interestingly, a significant
improvement is noted for the fits where the point of contact stiffness determination
was changed. The fit for the original unloading data, shown in Fig. 6.14e, is quite
poor, while the fit for the new unloading data, shown in Fig. 6.14f, is much more
accurate. The coefficients of variation (R2) and curve-fitting exponents (m) for each
indentation type are listed in Table 6.1. Despite the marked improvement in the
non-linear fitting, the curve-fitting exponent (m) for all the indentations is still lar-
ger than the expected upper limit of 2, which is similar to previous observations
from indentations carried out on polymeric materials (VanLandingham et al., 2001;
Tranchida et al., 2007; Beyaoui et al., 2009). However, the value of m does appear
to decrease for the indentations where the effects of viscoelastic deformation are
nullified.
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Figure 6.14: Comparison between the non-linear curve fits and unloading data: (a)
Hold time of 0 seconds (b) Hold time of 3600 seconds (c) Strain rate of 0.001 /s (d)
Strain rate of 1 /s (e) Original unloading data (f) New unloading data.
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6.5 Influence of hydrostatic stress

It was proposed by Birch (1938) that the increase in the Young’s modulus of
isotropic solids due to the presence of hydrostatic pressure is described by Equation
6.4:

E = E(0) + 2σH(5− 4υ)(1− υ) (6.4)

where E(0) is the elastic modulus at atmospheric pressure, σH is the applied
hydrostatic pressure, and υ is the Poisson’s ratio of the material. It is clear from
Equation 6.4, that the pressure dependence of the elastic modulus is greater for
materials that have a lower modulus at atmospheric pressure, such as polymers. This
expression was experimentally verified and shown to correctly predict the change
in the tensile modulus of polymers with increasing hydrostatic pressure (Pae and
Bhateja, 1975; Silano et al., 1974).

In an indentation test, the measured hardness of the material is equivalent
to the mean contact pressure measured by the indenter tip. This measured pressure
includes contributions from the stressed material’s yield stress in compression (σY C)
and the constraining hydrostatic stress (σH), as illustrated in Fig. 6.15. The ratio of
the contributions from each of these effects on the total hardness value is determined
by the constraint factor (C) for a given material, where the hardness (H) is related
to the yield stress (σY C) by Equation 6.5 (Tabor, 1970).

H = CσY C (6.5)

This relation can then be used to estimate the value of the constraining
hydrostatic stress (σH), based on the value of hardness measured for the indentation,
provided the constraint factor is known:

σH = H − H

C
(6.6)
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Constraining Hydrostatic Stress (σ
H
)

Total Measured Pressure (H)

Material Induced Pressure (σ
YC

)

Figure 6.15: Schematic of an indentation, highlighting the contributions of the ma-
terials yield stress and the hydrostatic stress to the overall measured material hard-
ness

Rearranging Equation 6.4 and substituting the relation from Equation 6.6
allows the true elastic modulus of the material (E(0)) to be calculated, where the
indentation modulus and hardness are substituted for E and H respectively.

E(0) = E − 2(H − H

C
)(5− 4υ)(1− υ) (6.7)

The mean values of indentation modulus and hardness, plotted in Fig. 6.2,
have been used to determine the effect of hydrostatic stress on the indentation
modulus of the 6376 material. Rodríguez et al. (2012) recently showed that the
constraint factor (C) for pressure sensitive materials is dependent on the plasticity
index (σY C/E) and the friction angle (φ) of the material. According to that nu-
merical analysis, the constraint factor for materials with a high value of plasticity
index, such as the 6376 epoxy, is approximately equal to 2. This allows the value
of hydrostatic stress to be calculated using Equation 6.6. The value of hydrostatic
stress (σH) inferred from these relations was 190.5 MPa. Equation 6.7 was then used
to calculate E(0), where the mean indentation modulus value from the experiments
was substituted for E (the modulus influenced by hydrostatic stress). Removing the
influence of the calculated hydrostatic stress reduces the mean indentation modulus
from the experiments from 5.07 GPa to 4.24 GPa. This represents a 16% reduc-
tion in the property and shows that the constraining hydrostatic stress could have
a significant influence on the values of indentation modulus calculated for the 6376
epoxy resin.
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6.6 Concluding remarks

A comprehensive experimental study has been carried out to determine the
effects of material pile-up, viscoelasticity and hydrostatic stress on the values of in-
dentation modulus determined for 6376 epoxy material. Scanning probe microscopy
(SPM) images of residual impressions showed regions of material pile-up adjacent to
the impressions, but also highlighted the large amount of viscoelastic recovery which
occurs following indenter unloading. This recovery makes the direct determination
of the contact areas problematic. Based on the large recovery observed, and the
relatively small heights of the pile-up measured, it was concluded that the pile-up
did not provide an adequate explanation for the overestimation of the material’s
elastic modulus by indentation methods.

The indentation modulus was found to decrease for experimental configur-
ations where viscoelastic deformation was allowed to diminish prior to unloading.
The quality of the non-linear curve fits to the resulting unloading data also showed
a marked improvement for these configurations. Similar reductions in modulus and
improved curve-fits could also be produced by avoiding the abnormal unloading data
present at the onset of unloading, requiring much less time on the sample. It was
found that nullifying the effects of the viscoelastic deformation led to reductions of
the modulus of the order of 10-12%. The effect of the sub-surface constraining hydro-
static stress on the indentation modulus was also investigated. A simple correction
was proposed based on relations from literature, which allowed the constraining
hydrostatic stress to be quantified. The resulting change in modulus due to the
hydrostatic stress could then be approximated using experimental data. Correcting
for the effects of hydrostatic stress lead to 16% reduction in the indentation modulus
for the material, making it the most influential of the phenomena investigated.

It is clear from the above investigations that the overestimation of the elastic
modulus of polymer materials by indentation methods could be a consequence of
a combination of factors. Accounting for the effects of both viscoelasticity and hy-
drostatic stress results in a recalculated mean indentation modulus of 3.75 GPa,
which compares well with the macroscopic elastic modulus of 3.63 GPa for the 6376
epoxy material, as highlighted in Table 6.2. The relative effect of the three investig-
ated phenomena on the indentation modulus of various polymer materials is likely
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Table 6.2: Summary of results

Elastic Modulus Tensile Test Indentation Viscoelastic Hydrostatic
(GPa) Effects Stress Effects

(-12%) (-16%)
Measured Value 3.63 5.07 4.46 3.75
Normalised Value 1.00 1.40 1.23 1.03

to vary depending on the properties of polymer being investigated. The methods
described herein to find the drift-insensitive contact stiffness and to account for hy-
drostatic stress influence could be readily incorporated into the standard protocols
for polymer material indentations, to ensure accurate calculation of the indentation
modulus, independent of these effects.
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7 Conclusions and Recommendations for Future
Work

7.1 Conclusions

The work described in this thesis analyses the use the nanoindentation tech-
nique to determine the in situ properties of the carbon-fibre polymer matrix com-
posite HTA/6376. This chapter provides a summary of the main points resulting
from the numerical and experimental investigation. The objectives outlined in Sec-
tion 1.3 are now concluded upon, and recommendations for further development of
the completed work are proposed.

7.1.1 Fibre constraint

Finite element contact modelling of the nanoindentation process provided a
useful insight into the mechanics of the indentation test applied to fibrous com-
posite microstructures. A 3D indentation model of a matrix pocket surrounded by
a circular array of fibres was analysed in Chapter 3 and highlighted the effect of
fibre constraint on the resulting load-displacement data and indentation properties.
It was shown that the fibre constraint affects indentations in pockets much larger
than the area of the residual impression, in regions which could be considered suit-
able for in situ matrix characterisation upon visual inspection in an experimental
scenario. The results show that the radius of the pocket must be at least 20 times
larger than the maximum indentation depth if the indentation properties are to
be representative of the in situ matrix material. The models also highlighted the
sub-surface stress transfer between the composite constituent materials and the ef-
fect of increasing fibre constraint on the material pile-up behaviour. Analogous to
the nanoindentation of soft films on hard substrates (Zhou et al., 2008), material
pile-up is enhanced due to the fibre constraint imposed on the indentation’s plastic
deformation field. It was shown that when the contact areas are inferred directly
from the finite element contact, the relative increase in the modulus is much less
than that determined using the theoretically deduced areas. While the size of the
indentation stress field was found to be similar for the axisymmetric 2D and full 3D
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models, the use of an encastre boundary condition to represent the surrounding fibre
boundary led to a very conservative overestimation of the fibre constraint effect in
experimental scenarios.

In order to validate the 3D finite element modelling approach, the fibre con-
straint effect was investigated experimentally in Chapter 5 using the Continuous
Stiffness Measurement (CSM) technique, which allowed the indentation modulus to
be measured as a function of depth. The experimentally observed increase in the
indentation modulus with decreasing distance to the surrounding fibres was in good
agreement with the modelling results, validating the finite element methodology.
Thus, it is concluded that the fibre constraint effect can play a significant role in the
characterisation of the in situ constituents of high fibre volume fraction composite
materials. The numerical and experimental methods outlined can be used in future
examinations of boundary bias effects on other multi-phase material systems.

7.1.2 Thermal residual stress

In Chapter 4, micromechanical finite element modelling of the thermal cool-
down process applied to fibrous composites has been used to determine the wide
range of residual stress states which exist in the composite microstructure post-
cure. Three-dimensional finite element contact models were then used to determine
the effect of the stress states on nanoindentation properties. It was shown that
the equibiaxial tensile stress state in the matrix pockets was linearly dependent on
pocket radius, leading a similar linear dependence of the indentation properties with
radius. The hardness of the pockets decreased by up to 11.9% compared to that
of the non-prestressed substrate, and thus could potentially be underestimated by
experimental indentation studies. In Chapter 5, experimental indentations of the
in situ 6376 matrix pockets revealed that the hardness of matrix pockets with radii
greater than 10 µm was lower than that of the bulk material, which could be attrib-
uted to this residual stress effect. The finite element results also show that the stress
in the interfacial regions was highly dependent on the vicinity of the surrounding
fibres. Vaughan and McCarthy (2011a) previously showed that compressive inter-
facial stress plays a significant role in the micromechanical deformation and failure
of composite materials. However, based on the results from Chapter 4 it can be
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concluded that the potential for this large compressive stress to artificially increase
the indentation properties, and potentially bias to the experimental characterisa-
tion of the ‘interphase’ region, is nullified by perpendicularly acting tensile stresses
in these regions. Interestingly, it is shown that an underestimation of the properties
is more likely for the vast majority of experimentally viable interfacial regions. In
conclusion, the study quantitatively characterised the effect of thermal stresses on
the nanoindentation testing of fibrous composite microstructures, while also high-
lighting the microstructural areas where the effects of thermal stress are nullified,
which will be useful for future experimental studies.

7.1.3 Bulk versus in situ properties

It has previously proven difficult to analyse the in situ properties of the matrix
constituent in high fibre volume fraction composites using experimental nanoindent-
ation due to the lack of large matrix pockets in the microstructure (Gregory and
Spearing, 2005). In Chapter 5, a novel sample preparation procedure is described
where the HTA/6376 composite and the bulk 6376 matrix were co-cured to pro-
duce specimens containing microstructural regions of fibre migration. The resulting
sample was ideal for matrix characterisation using the nanoindentation technique,
and can be applied to any high fibre volume composite. The Express Test technique
developed by Agilent Technologies was used in order to develop a property map of
the fibre and matrix properties and highlighted a gradient in the material proper-
ties surrounding the fibre-matrix interface. However, quantitative characterisation
of the ‘interphase’ region surrounding the fibre-matrix interface was not possible
due to the fibre constraint effect and fibre-matrix relief measured using Scanning
Probe Microscopy following the grinding and polishing processes. The numerical
and experimental characterisation of the fibre constraint described in the previous
section allowed the properties of the in situ 6376 matrix to be determined using
the CSM technique as a function of the matrix pocket size, and compared with the
bulk material. An exponential increase in the hardness and modulus with decreas-
ing matrix pocket radius was apparent for the pockets with radii less than 10 µm.
Thus, it can be concluded that the composite manufacturing and processing had
altered the post-cure properties of the in situ material. The sample preparation and
experimental procedures described in Chapter 5 provide a robust approach for com-
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paring the bulk and in situ properties of composite matrix materials by taking into
account the mechanisms associated with using the method on the inhomogeneous
fibrous composite microstructure and analysing the results relative to the statistical
scatter associated with the nanoindentation technique.

7.1.4 Elastic characterisation of polymers

The results from nanoindentation experiments on polymers from both the
literature and the current work highlight a disparity between the values of elastic
modulus determined from nanoindentation, and those measured with traditional
tensile tests. These results raise questions about the applicability of indentation
testing and analysis methods outlined in ISO 14577 to polymer materials. In order
to investigate the overestimation of the 6376 matrix elastic modulus by nanoindent-
ation, the effects of pile-up, viscoelasticity and hydrostatic stress were investigated
in Chapter 6. While SPM images highlighted regions of pile-up adjacent to the
residual indentations, the observation of inward curvature on the impressions and
the small ratio of residual indentation depth to maximum indentation depth appear
to indicate that pile-up is not a significant attributing factor. The modulus was
found to reduce for experimental scenarios where viscous deformation was allowed
to diminish prior to unloading, similar to results from the literature. However,
this increases the indentation time significantly so a method to determine the drift-
insensitive contact stiffness using the default high throughput testing protocols was
proposed, which produced similar reductions in modulus and improvements to the
curve-fitting procedure. This method requires a small number of preliminary in-
dentations to analyse the creep and relaxation of the unloading curve at various
stages, but can easily be incorporated into the standard testing protocols. Relations
from the literature were used to characterise the hydrostatic stress effect and it was
shown that the modulus is significantly affected by the stress state. In conclusion,
the methods proposed to account for viscous and hydrostatic stress effects on the
indentation of polymers move towards addressing the well-known disparity between
nanoindentation and macroscopic moduli.
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7.2 Future work

It is clear from the above conclusions that nanoindentation provides a useful
insight into the in situ properties of fibrous composite constituents. However, more
work is required in order to standardise the experimental protocols and quantitat-
ively analyse the microscale properties of inhomogeneous materials. Some direction
for future studies is detailed in this section.

7.2.1 Matrix and interphase characterisation

There is a distinct lack of quantitative experimental comparisons between
the bulk and in situ composite matrix properties in the current literature. Such
comparisons provide critical input data to micromechanical simulations of compos-
ite materials since the vast majority of current simulations use the properties of
the constituents in their bulk form. However, the experimental results presented in
Chapter 5 show that the fundamental elastic behaviour of the in situ material has
been altered by the manufacturer’s recommended processing methods. Thus, the
experimental methodology outlined herein could be used for future studies into the
effects of different processing parameters such as curing temperature, curing pres-
sure, curing time, matrix composition, and fibre treatments, in order to determine
the parameters which produce the optimal microscale properties. The effects of en-
vironmental ageing on the microscale properties of fibrous composites is also not well
understood. Composite materials in aircraft structures are subject operating tem-
peratures ranging from -60 °C to 180 °C (Collard, 1999), while water absorption, or
diffusion is an important parameter relating to the degradation of composites used
in the marine industry. Bian et al. (2012) analysed the effect of submersing glass
fibre reinforced epoxy test specimens in artificial sea water for 28 days and noted a
significant degradation of the composite stiffness and strength. The nanoindentation
methods outlined in this thesis could be used to assess the in situ degradation of
the constituent properties due to such environmental effects during service.

While the existence and size of the ‘interphase’ region has been confirmed us-
ing AFM (Gao and Mäder, 2002; Cech et al., 2013), nanoscratch (Hodzic et al., 2001)
and TEM (Wu et al., 2014) techniques, quantitative mechanical characterisation of
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the sub-micron sized region by indentation methods remains a challenge. Recently,
Gu et al. (2010) characterised the interphase of a carbon-fibre epoxy composite us-
ing a dynamic mechanical property mapping technique. A Berkovich indenter was
scanned across the surface with a constant normal load of 2 µN and a superimposed
dynamic force of 1 µN at 200 Hz, to produce the storage modulus results shown in
Fig. 7.1. While accurate quantitative characterisation is difficult using this tech-
nique due to the extremely low loads employed, modulus mapping techniques show
promise for future indentation studies on composite microstructures if sharper tip
geometries and low depths are employed. Future studies could examine the effect of
composite processing and environmental ageing on the properties of the interphase
region. As the resulting indentation depths from such studies are in the order of
a few nanometres, Molecular Dynamics (MD) simulations could be used to ana-
lyse the experimental data as an alternative to using the nanoindentation theory
or continuum based finite element methods. MD simulations would also provide a
novel insight into the effects of fibre constraint and hydrostatic stress on shallow
interphase region indentations, at the molecular level.

In Chapters 3 and 5 it was shown that quantitative characterisation of the
interphase region at the depths required for reliable nanoindentation measurements
is difficult due to fibre constraint effects. The fibre constraint problem is analogous
to the substrate effect which is predominant during the indentation of thin film
materials. The substrate effect is often investigated using analytical solutions (Bec
et al., 2006). However, these solutions are often mathematically complex or for
very limited cases. Finite element solutions allow more complex properties and
geometries to be investigated. Fig. 7.2a shows a finite element model carried out
on a thin film material by Pandure et al. (2014) investigating the substrate effect.
Fig. 7.2b shows a finite element investigation carried out by Li et al. (2012) into
the effect of fibre constraint on the characterisation of the interphase region of a
fibrous composite. Reverse finite element modelling has been used to determine the
properties of thin film materials when substrate effects are unavoidable. Knapp et al.
(1999) used simulations of a thin film indentation to correct for the substrate effect.
The known properties of the substrate and the indenter materials were fixed, while a
series of simulations were performed varying the properties of the thin film material.
The results were then linearly interpolated to predict the ‘best fit’ properties which
produced force and stiffness responses that fit the experimental result. Recently,

150



7.2 Future work

Figure 7.1: 10×10 µm dynamic mechanical map of CFRP using dynamic nanoscale
imaging (a) fibre-matrix topography, (b) storage modulus map, (c) storage modulus
variation across interface (Gu et al., 2010)

similar approaches have been used by Wang et al. (2010) and Zheng et al. (2011).
A similar strategy could be employed to determine the properties of the interphase
region in fibrous composite materials, where fibre constraint effects are unavoidable.
A 3D finite element methodology, similar to that presented in Chapter 3, could be
used to accurately model the geometry of the fibre and matrix constituents and
facilitate the reverse analysis.
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Fibre Matrix

(a) (b)

Figure 7.2: Finite element simulations of nanoindentation: (a) Thin film applied
to substrate (adapted from Pandure et al. 2014) (b) Interphase region of fibrous
composite (adapted from Li et al. 2012)

7.2.2 Residual stress effects

The HTA/6376 material, which was examined in this work, has a relatively
low cure temperature in comparison to other composite material systems. The finite
element modelling in Chapter 4 showed that the composite microstructure was in a
state of elastic residual stress following thermal cooldown, with no matrix plasticity
or interfacial damage resulting from the thermal step. Previous experimental (Gentz
et al., 2004) and numerical (Yang et al., 2013) studies of residual stress effects in
fibrous composites have shown that matrix plasticity and interfacial damage can
occur due to the residual stress state induced during processing. Thus, the effect
of these higher stress states on the nanoindentation test has still not been investig-
ated. Material systems such as thermoplastic and metal matrix composites (MMCs)
undergo large temperature changes following cure. Thus, the effect of the residual
stress on the nanoindentation properties of these material systems warrants future
investigation.

Thermal stress has been shown to significantly affect the transverse mi-
cromechanical behaviour of fibrous composites. While thermal cooldown modelling
is useful for determining the stress state, the quantitative accuracy of these pre-
dictions may be influenced by other factors such as chemical shrinkage and local
temperature gradients during curing. The nanoindentation technique has been suc-
cessfully used by a number of authors to quantify equibiaxial stress states in thin cop-
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per foils (Dean et al., 2011), tungsten thin films (Qasmi et al., 2006) and aerospace
aluminium alloys (Khan et al., 2011). A method could be developed to quantify
the residual stress in the various regions of the fibrous composite microstructure,
which would serve as a useful input to future micromechanical studies. By anneal-
ing specimens above the glass-transition temperature, the residual stress could be
reduced and experimental indentation results could be compared with as-processed
specimens.

7.2.3 Nanoindentation of polymers

The experimental and analytical methods presented in Chapter 6 moved to-
ward addressing the well-known disparity between the indentation and macroscopic
elastic characterisation of polymer materials using the standardised nanoindentation
theory. However, further testing is required on a wide array of polymeric materi-
als in order to validate the proposed methodology. The compressive modulus of
the 6376 epoxy investigated in this study was unknown, and a disparity between
the tensile and compressive modulus of the material may account somewhat for
the difference between the macroscopic and indentation moduli. Also, the effect
of material pile-up on polymer nanoindentation was not conclusively characterised.
Recent advances of in situ indentation techniques have allowed the nanoindentation
process to be observed with electron imagery (Nili et al., 2013). Fig. 7.3 shows
an indentation observed inside the chamber of an SEM carried out by Rabe et al.
(2004). The in situ images clearly show the material pile-up around the indenter tip,
as well as the formation of a small crack during unloading in Figs. 7.3d and 7.3e.
In situ indentation of polymer materials would provide a conclusive insight into the
state of material pile-up at maximum indentation load, and allow observation of the
elastic and viscoelastic surface recovery sequence for polymeric materials, during
and following the indenter unloading process.

In micromechanical simulations of composite failure, the elastic behaviour of
the matrix constituent is generally defined using the elastic modulus. However, as
highlighted in Chapter 6, the elastic behaviour of polymeric materials is complic-
ated by their viscoelastic time-dependent nature. Thus, nanoindentation testing
and analysis procedures that account for viscoelastic and viscoplastic polymer be-
haviour are required. Fischer-Cripps (2004) proposed a simple phenomenological
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spring-dashpot model to characterise the creep compliance using nanoindentation.
Dynamic nanoindentation techniques to measure the complex storage and loss mod-
uli of time dependent materials have also been proposed by Odegard et al. (2003),
and found to be in good agreement with values from dynamic mechanical analysis
(DMA) of macroscopic samples. However, to date no comparisons have been made
between the viscoelastic properties of bulk and in situ polymer composite matrix
constituents.
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Figure 7.3: SEM indentation made on thin TiN/SiNx coating deposited on Si (Rabe
et al., 2004).

7.2.4 Push-out testing

The strength and toughness of the fibre-matrix interface play a significant
role in the micromechanical failure of fibrous composite materials under transverse
(Vaughan and McCarthy, 2011a) and shear (Vaughan and McCarthy, 2011b) load-
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ings. A number of experimental approaches to determine the interfacial properties
have been attempted, such as the single-fibre fragmentation test, the single-fibre pull-
out test, the single-fibre microbond test, and the push-out test. Single-fibre tests
have proven useful in determining the effectiveness of various fibre treatments on the
interfacial strength. However, single fibres are rarely isolated in high fibre volume
fraction aerospace composite materials. Thus, in situ push-out testing provides a
better representation of the interfacial properties in service, following composite
material processing. First introduced by Marshall (1984), the push-out test can be
used to determine the strength of the fibre-matrix interface by loading an individual
fibre with a diamond indenter tip and increasing the load until interfacial debonding
occurs. An SEM image of a pushed out fibre from testing carried out by Canal et al.
(2012) on a glass fibre/epoxy composite is shown in in Fig. 7.4.

(a) (b)

Figure 7.4: SEM image of (a) upper surface of the composite slice after the push-out
test, (b) lower surface of the composite slice after the push-out test.(Canal et al.,
2012)

Recently, Mueller et al. (2013) developed a new cyclic loading energy-based
approach to the push-out test which allows the interfacial toughness to be determ-
ined. Push-out testing coupled with this new methodology could be used to evaluate
the interfacial properties of the HTA/6376 composite, and provide directly determ-
ined values of interfacial strength and toughness to future micromechanical models.
The effect of rate-dependence and environmental ageing on interfacial failure are
also not well understood. Another important aspect of interfacial mechanics is the
roll of thermal residual stress. Thomason and Yang (2011) measured the interfacial
strength of glass fibre reinforced polypropylene across a temperature range of -40
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°C to 100 °C using microbond testing and showed that approximately 70% of the
apparent room temperature interfacial strength can be attributed to the residual
compressive stress at the fibre-matrix interface. Greisel et al. (2014) recently invest-
igated the influence of thermal stress on the push-out test and found that annealing
the composite above the glass transition temperature of the matrix led to a signific-
ant increase in the interfacial toughness. Future experimental push-out studies could
provide further insight into the effects of residual stress on the interfacial behaviour.
The finite element results presented in Chapter 4 show that the interfacial thermal
stress state is highly dependent on the fibre volume fraction and spacings. Thus,
the interfacial strengths are also likely be a dependent on the fibre-matrix distribu-
tion. The various fibre packing arrangements provided by the ‘hybrid’ specimens
(presented in Chapter 5) and recent developments in the analysis of push-out test
data present the opportunity for future experimental studies into the effect of fibre
distribution on the interfacial strength and toughness. The contact finite element
methodology outlined in this work could also be useful in analysing the effect of
thermal stress and surrounding fibre distribution on the push-out test.
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B Aluminium pile-up correction

B.1 Experimental setup

To investigate the effects of pile-up on the nanoindentation characterisation
of the Aluminium Alloy 6082T6 alloy, residual indentations spanning four different
indentation target depths (500 nm, 1 µm, 2 µm and 5µm) were investigated for
evidence of the phenomenon. A total of 30 indentations were carried out for each
depth. Following the experiments, a residual impression for each indentation depth
was investigated using the optical microscope of the G200 (1000X magnification)
and scanning probe microscopy (SPM). The nanovision stage was used to scan the
surface and the time between the test’s unloading cycle and the SPM scans was
roughly one hour for all the scans. The tip was raster scanned the surface by moving
the tip in the Y direction, and incrementing the lines in the X direction. A total
of 100 data points were taken in the X direction while 250 points were taken in the
Y direction for each line scan. Each line in the Y-direction took 2 seconds to scan
and the scanning load was set to 1 µN. The cube corner indenter tip geometry was
used as the probe for scanning, as the steeper face angle allows for more accurate
scanning of the residual impressions created with the Berkovich indenter tip. The
data from the scans was post-processed and plotted using the free and open source
SPM data analysis software Gwyddion 2.30.

B.2 Results

The load-displacement data and indentation modulus results for the indent-
ations carried out on the Aluminium Alloy 6082 are shown in Figs. B.1a and B.1b
respectively. Fig. B.1b shows that the indentation moduli were consistent with in-
dentation depth, but were larger than mean modulus determined from macroscopic
testing (Aalco, 2016). According to finite element work carried out by Bolshakov
and Pharr (1998), the ratio of residual indentation depth (hp) to maximum indent-
ation depth (hmax) can be used as in indicator for when pile-up is prevalent in an
indentation. It was shown if hp/hmax > 0.7 , pile-up is likely, provided that the ma-
terial does not work harden. This is clearly the case for the aluminium alloy tested,
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where the hp/hmax is around equal to 0.9, as can be seen in the load displacement
data in Fig. B.1a.
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Figure B.1: Results from indentations carried out on Aluminium Alloy 6082T6: (a)
load-displacement curves for 5 µm indentations (b) modulus results from CSM and
basic indentations

The residual impression from a 5 µm indentation carried out into the Alu-
minium Alloy is shown in Fig. B.2. The optical micrograph of the impression is
shown in Fig. B.2a, and the 3D SPM image is shown in Fig. B.2b. The outward
curvature associated with material pile-up can clearly be seen in both images. The
SPM image also shows that the material piles up around the outside of the edges
of the indentation, as opposed to around the sharp corners. This is expected due
to the high stress concentrations underneath the sharp corners of the indenter, and
is similar to previous observations from AFM and SPM scans (Zhang et al., 2015;
Moharrami and Bull, 2014).

The scanning probe micrographs were used to correct the contact area of
the indentations by directly measuring the projected contact area (APROJ), and
alternatively by correcting the contact depth based on the observed pile-up height
(APU), as described in Chapter 6. The top view of the SPM image for the aluminium
sample is illustrated in Fig. B.3a, where line scans A, B and C have been defined.
The cross-sections of the line scans are shown in Fig. B.3b, which shows the extent of
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Figure B.2: The residual impression of a 5 µm indentation carried out on Aluminium
Alloy 6082: (a) Optical microscope image (1000X), (b) SPM image

the material pile-up more clearly. The three line scans display very similar profiles,
showing that the effect of sample tilt on the scans was minimal.

The corrected contact areas and moduli for the aluminium alloy have been
normalised by dividing by the same parameters determined using the Oliver and
Pharr method, and are plotted in Figs. B.4a and B.4b respectively. It is clear
that similar measurements of the pile-up contact area have been measured using
both methods based on the normalised areas plotted in Fig. B.4a. This in turn
leads to similar reductions in the calculated moduli plotted in Fig. B.4b. The cor-
rected indentation moduli show better correlation with the macroscopic value of 70
GPa, determined using BS EN 485-2:2008. The correlation between the macroscopic
modulus and the corrected indentation moduli verifies the validity of both post-hoc
correction methods for a material where the effect of material pile-up was prevalent.
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